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Abstract 

 
One of the key problems in "nanoscience" is designing the right experiments to 

measure specific size-dependent physical properties, which is necessary to understand the 
origin of differences in the properties between nano- and larger crystals.  Nanocrystal is a 
unique "piece of material" with its individual atomic structure and properties which are 
closely related to its characteristic dimensions.  Nanoscience comes into picture when 
properties of the material can no longer be described using conventional tools, in particular 
using relationships derived for ordinary materials.  In other words, we deal with nanoscience 
when the property is clearly related to the small characteristic dimension(s) of the object.  
This statement is valid for any nano-property of a material and concerns also application of 
diffraction methods.  

 
Evaluation of powder diffractograms is usually done using standard numerical 

procedures like the Rietveld program which is used for refinement of structural parameters 
and provides satisfactory results for conventional-size materials [1, 2].  However, all those 
methods have an inherent limitation which follows from the fact that they are based on the 
assumption that the sample structure can be satisfactorily approximated by an infinite crystal 
lattice and represented by a unit cell.  A nano-crystal cannot be regarded as a single crystal 
due to, (i), its limited dimensions, and (ii), a large fraction of atoms being associated with the 
grain surface which has different environment than the interior atoms.  Because the 
assumption of a uniform crystal structure of nano-materials is not justified, application of 
routine procedures of collection and elaboration of diffraction data has to be verified/revised 
since it may lead to misinterpretation of the experiments and to incorrect conclusions about 
the atomic structure of the samples. 

 
There is a variety of specific problems that might address diffraction structural studies 

on nanocrystals, for instance:  (i), what is the nanocrystal basic crystallographic structure (in 
its interior? average for the entire volume?), (ii), what are the differences between similar 
crystal phases present in nano- and micro- polycrystalline samples (do those differences really 
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exist?), (iii), what lattice defects are present in nanograins, and, finally, (iv), how to verify 
whether the core-shell model of a nanocrystal is actually valid. 

 
In this work we discuss only applicability of Bragg scattering to examination of 

nanocrystals assuming that they have a non-uniform structure.  We approximate this structure 
by a commonly accepted core-shell model of nanograins.  We show that, for principal 
reasons, the Bragg equation is not applicable directly to nanocrystals.  We use the Bragg 
relation through application of the apparent lattice parameter concept which we use to 
evaluate quantitatively the core-shell model.  We show examples of an analysis of 
experimental X-ray and neutron diffraction data based on the alp methodology and on 
theoretical patterns calculated for various core-shell models.  

 
 

Introduction:  nano- versus single-crystals 
 
Numerous experiments showed that, in nano-crystalline phases, equilibrium 

conditions are different than those in large volume samples of the same composition, and that 
their physical properties deviate significantly from the bulk materials [3 - 9].  Since that is the 
case, undoubtedly a nano-crystal cannot be regarded as just a fragment of a larger size solid:  
it is a unique piece of matter with the properties specific for this individual object.  Referring 
to thermodynamics one can establish a simple criterion stating, that a given material becomes 
"nano" when its thermodynamic parameters differ from those of the bulk due to diminution of 
its dimensions [10 - 12].  It is a very clear statement but it can be used rather as a practical 
than rigorous criterion of distinction between nano and non-nano materials:  the difference, if 
it exists, has to be large enough to be detected and quantified experimentally.  It is obvious 
then that one of the key problems in "nanoscience" is in designing appropriate experiments 
which can serve for detection and precise measurements of specific materials parameters 
associated directly with characteristic material dimensions.  Note that we do not use the term 
"size", which is very imprecise and should be avoided:  each individual grain has its own 
shape, which can be described using just one dimension only in the case of a spherical 
particle.  Then the issue of the "size dependence" of specific properties has to be taken as a 
"dimension dependence":  for a given nano-grain there can be several characteristic nano-
dimensions and different properties associated with each of them. 

 
In contrast to larger crystals, in nanocrystals a significant fraction of atoms is located 

at the surface.  The surface of a crystal changes the total free energy of the grains, and may 
have a strong effect on their overall properties:  in grains of several nm in diameter the 
number of atoms associated with the surface is comparable to that in the grain interior.  
Despite this obvious fact specific properties of nanocrystals are discussed in the literature as a 
function of the "grain size", i.e. as a function of a parameter which, in fact, cannot be uniquely 
defined and measured.  Moreover, the environment of a nanocrystal, i.e. its nearest 
surrounding like species adsorbed at its surface, may have an additional effect on the 
properties of the surface atoms and, thus, on the overall properties of the nanocrystalline 
material [12 - 14].   

 
 

1. The origin of the unique properties of nano-crystals 
 
There is no doubt that there exists a close relation between physical properties and the 

atomic structure of materials, and that changes of materials’ properties are often associated 
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with (and in fact originate from) corresponding changes in the crystal structure.  For 
conventional crystalline materials it is common to associate changes in their atomic structure 
with changes in the lattice parameters.  For nanocrystals, relationships between structural and 
physical properties are much more complex since the structure of a nanocrystal cannot be 
represented uniquely by a unit cell.  That is the case because, (i), the size of a single grain is 
comparable to that of the unit cell, and (ii), its structure at the grain surface is different than 
that in the bulk.  Following the "spirit" of the definition of nanocrystals [12] one can say, that 
in practice nanoscience begins when properties of the material can no longer be described 
using conventional tools, in particular using relationships derived for ordinary materials.  This 
statement should be valid for any nano-property of materials, and it should also concern 
application of diffraction methodology.  As a matter of fact, typical problems which one faces 
searching for experiments "adequate" for nanocrystals and for proper methods of description 
and elaboration of the experimental data are well demonstrated in diffraction experiments. 

 
 

2. The primary purpose of structural studies on crystalline materials - is it different 
for nano-structures? 
 
The primary purpose to study the structure of crystalline materials is to identify the 

positions of individual atoms.  The real value of such studies is in knowledge about short- and 
long-range interatomic potentials which decide on the formation of three-dimensional atomic 
lattice and its behavior.  The values of the lattice parameters measured under ambient 
conditions reflect the potential minima.  To determine the shape of the potential curves, in situ 
experiments under ambient and non-ambient conditions need to be done.   

 
In principle, based on crystallographic data one can calculate internal energy and 

describe equilibrium conditions of specific crystallographic phases under a given set of p-T 
parameters.  The internal energy of a crystal is a function of the lattice parameters, thermal 
expansion coefficient, and compressibility: 

 

E = E0 + � cv (T,v0) dT - v0 c � (Ta/c - p) dp,      (1) 
where 
cv - specific heat  (cv  = f(qD/T), qD - Debye temperature), 
c - compressibility, 
a - thermal expansion coefficient, 
v0 - frequency of the atomic vibrations, 
p - hydrostatic pressure. 

 

All the parameters required for calculation of the internal energy are based on the 
measurements of the lattice parameters (l.p.):  thermal expansion coefficient, a, is calculated 
from l.p. measured at different temperatures;  compressibility, c, is determined from changes 
of l.p. under hydrostatic pressure;  Debye temperature, qD, can  be determined from a change 
in the atomic thermal vibrations with an increase in temperature [11, 15 - 17]. 

 
The problem which arises when studying nanocrystals is that they have non-uniform 

structure and, therefore, there are no unique values of the lattice parameters which one could 
associate with the sample.  Consequently, neither thermal expansion nor compressibility is 
unique quantities for nanocrystalline materials.  In this work we show examples of 
experimental studies of the atomic structure of nanocrystals done under ambient conditions, 



4 

 
 

but implications of the results of this work apply also to studies on materials behavior under 
high pressures [18 - 20] and/or various temperatures [21 - 22]. 

 
 

3. Powder diffraction on nanocrystals 
3.1 Implications of using a routine procedure of powder diffraction data elaboration 

for nanomaterials 
 
In a routine procedure of structural analysis of conventional polycrystalline materials 

practically the only questions which one has to answer is to confirm that the examined sample 
is a single or a mixture of several crystallographic phases and, if needed, to do structural 
refinement, e.g. with application of a Rietveld refinement software [7].   

 
In crystals of dimensions measured in micrometers, only a very small fraction of all 

atoms reside at the surface therefore their effect on the diffraction patterns is insignificant;  
the expected signal from the surface is outside the sensitivity limit of even the best radiation 
sources and instruments available.  The situation is very different for nanocrystals with sizes 
of about 10 - 20 nm, where the total number of atoms located at and near the surface becomes 
comparable to the number of atoms in the grain interior.  Since interatomic distances between 
similar atoms may vary depending on the positions of the atoms in the grain (bulk vs. surface 
positions), a single lattice parameter might be insufficient for characterization of nano-
structure.  The relation between interatomic potentials and the atomic structure of 
nanocrystals is therefore much more complex than in larger crystals.  Thus the goals of 
structural studies on nano-crystals have to be formulated differently than those for poly-
crystalline materials with relatively large, micron-size grains.  Although the goals are 
different the same experimental technique, powder diffraction, has to be used to study both 
kinds of materials. 

 
Whichever modification of the methods of elaboration of powder diffraction data is 

used, one has always has to take into account that information derived from diffraction 
experiments is always a volumetric average of the sample.  This is particularly important in 
the case when the material consists of a variety of individual crystallites with different shapes, 
sizes and lattice defects, including micro-strains.  In the case of nanocrystals there is one more 
factor which makes the problem of interpretation of diffraction data more complex:  physical 
and structural properties of nano-objects are size-dependent quantities and, in case of a 
dispersion of grain sizes (a common situation with real materials) the quantities derived from 
the experiment cannot be associated with a single dimension.  This does not mean, however, 
that studies on materials with grain size distribution should not be conducted, but only that the 
results of examination of such materials should be treated with caution. 

 
 

3.2 Is Bragg scattering useful for examination of nanocrystalline materials - general 
remarks 
 
For our analysis we do theoretical calculations based on the Debye equations: 

I (k)= �
=

N

i 1
�
=

N

i 1

 fifj sin(k·  r ij)/ k·  r ij ,      (2) 
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where fi and fj are the atomic scattering factors of the ith and jth atom, respectively, k = 
4psinQ/l  is the scattering vector, and r ij is the distance between the atoms.  For a given 
material we build a model of grain with a given atomic structure and calculate theoretically 
the diffraction pattern of such grains.  The computed diffractograms correspond to a kind of a 
"perfect experiments", free of any systematic errors resulting from the sample misalignment, 
instrument imperfections, etc. that would require specific corrections for instrument and/or 
sample geometry and sample properties (absorption, size, shape, surface roughness, etc.).   

 

 
 
Fig. 1 Unit cells and corresponding theoretical powder diffraction patterns calculated for 3 nm diameter 
spherical grains with a perfect crystal lattice in the whole volume for Al, NaCl, and Y2O3. 
 

Considering applicability of the Bragg equation to examination of the structure of 
nanocrystals, it is useful to discern between "principal" and "practical" arguments.  One of 
simple practical arguments often used "against" application of Bragg scattering to 
nanomaterials is that the intensity maxima are very broad due to a lack of extended coherence, 
and therefore relatively few reflections are visible [23 - 25].  This is only a technical problem, 
not an important, solid argument against the use of methods based on Bragg scattering for 
structural analysis of nanocrystals.  Practical problems with elaboration of the diffraction data 
of nanocrystals are demonstrated/illustrated in Fig. 1 which shows theoretical diffraction 
patterns of three cubic structures with different lattice parameters.  For aluminum with the 
unit cell of only 0.4 nm in size, the individual reflections are well visible and separated from 
each other.  This kind of data can be elaborated like an ordinary powder diffraction pattern.  
Indeed, with an increase in the unit cell dimensions the overlap of individual reflections 
makes the pattern less readable.  However, if the entire scattered intensity belongs to Bragg 
reflections the diffraction data might, in principle, be fully useful and give a good chance for a 
successful elaboration.  We have to stress out that there are no principal limitations to using 
programs like Rietveld’s that would prohibit its application to moderately-broad reflections. 

 
An important argument which really might disqualify conventional Bragg approach is, 

that for nanocrystals Bragg reflections contain only a part of the scattered intensity and 
examination of only a part of the sample volume is far too insufficient to deduce about its real 
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structure [25].  On the other hand, if the whole sample volume contributes to Bragg scattering, 
like in the patterns shown in Fig. 1, then there is no principal argument which would exclude 
Bragg scattering as a base for examination of nanocrystalline materials through structure 
refinement procedure.  This, again, leads us to a very practical problem:  how to discern 
between diffuse-like features in the pattern which belong to the Bragg scattering and those 
that come from the parts of the sample which do not show any long range order and therefore 
do not scatter coherently?  This is a common problem which one always faces, and it has to 
be considered individually for each material.  This is not a kind of a principal argument which 
would disqualify an analysis based on measurements of Bragg reflections. 

 
There is only one principal argument which brings about the question of a usefulness 

of the Bragg scattering/equation as a tool for examination of nanocrystalline materials:  does 
Bragg scattering describe quantitatively scattering on very small grains, about 10 - 20 nm 
across and smaller?  We discuss this problem below. 

 
 

3.3 Diffraction on a small single crystal with a perfect crystal lattice.  How does the 
Lattice Parameter become the "apparent lattice parameter"  

 
Evaluation of powder diffractograms is usually done using standard numerical 

procedures which serve for refinement of specific parameters of already known structure and 
provide satisfactory results for conventional-size materials.  All such methods have an 
inherent limitation which follows from the fact that they are based on the assumption that the 
material under examination forms an ideal, infinite lattice well represented by a unit cell.  
Only diffraction on such lattice can indeed be accurately described by the Bragg equation.  In 
such cases, by measuring the positions of individual hkl reflections alone, without regard to 
their intensities, the lattice parameters of such crystals can be accurately determined.  The 
situation is different for nanocrystals. 

 
Starting with the basics:  "nano- " is not "a small-" single crystal 

The term "nano-crystal" is somewhat unfortunate because it is often understood and 
interpreted as: “ ‘nano’ means a single crystal with nano-dimension”.  This interpretation is 
incorrect - for principal reasons: 
according to the original definition, a crystal (we often use the term "single crystal") 
constitutes a lattice which is an array of points in space (each point representing a single atom 
or a group of atoms), each having identical environment.  The lattice which meets this 
condition can indeed be represented by a unit cell.  The key property of the unit cell is that it 
characterizes the entire sample volume independent of the crystal size.  The condition of the 
same environment for each lattice point is definitely not met by a crystal of dimensions as 
small as only several or several tens times larger than a single unit cell.  The atoms 
terminating a crystal have different environment than those in the bulk.  This factor is of a 
little importance and is negligible when the sample is big enough and the number of such 
"odd atoms" (at the surface) is insignificant in comparison with the total number of atoms in 
the particle.  It is different in samples with dimensions measured in nanometers, where the 
number of atoms associated with and forming the surface might be comparable with those in 
the interior of the grain.  That leads immediately to the conclusion that nano-crystal cannot be 
regarded as a single crystal.  For that reason alone it should be obvious that the methods of 
elaboration of diffraction data which were developed for the analysis of single crystals may 
not apply to nano-crystals:  one may not apply methods serving for refinement of a parameter 
before the model to which it is applicable and which is to be refined is known.  What we 
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urgently need is a model of a nanocrystal.   Although all the above is obvious to anyone who 
pays attention to definitions, only a few use this knowledge in practice.   
 
Bragg equation does not work for "nano"! 

Elaboration of theoretical diffraction patterns calculated for models of nanocrystals 
with dimensions up to several tens of nanometers and having a perfect crystal lattice show, 
that the lattice parameters used for building the model are not reproduced by back-
calculations of the lattice parameters from the positions of the reflections of the theoretical 
pattern [26 - 30].  This problem is illustrated in Fig. 2 which shows the results of "refinement" 
of the theoretical diffraction pattern of a 3 nm Al grain with a perfect crystal lattice;  in this 
case we treat the theoretical patterns like an "experimental data" and refine-back the structure 
of the model used for calculating the patterns.   

 
The patterns were elaborated using the Rietveld DBWS program with symmetric, 

pseudo-Voight shape function.  The program minimizes the quantity 

Sy =�
i

2
cii

y
)y - (y  ,        (3) 

where yi and yci are observed (gross) and calculated, respectively, intensities at the i-th count 
[2].  The program selects such a calculated diffraction pattern that provides the closest fit 
(minimum Sy) to the experimental data.  Here the yi intensities are those calculated for our 
model, while yci values are the ones calculated by the Rietveld program for the Al unit cell.  
Our main focus is on the value of the lattice parameter calculated by the Rietveld program.  
Among global parameters which are implemented in the program we examined only the effect 
of zero-shift (zs) on the calculated lattice parameter.   
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Fig. 2 Theoretical powder diffraction patterns as-computed for 3 nm Al crystal (solid line), the 
corresponding patterns calculated by the Rietveld (DBWS) program (dotted line), and their differential 
(dashed line):  (a), zero shift, zs = 0;  (b), released ("refined") zero-shift.  Fit parameters:  Rp, pattern factor;  
Rwp, weighted pattern factor;  Re, expected factor.  Lattice parameter of the model a0 = 0.4049 nm. 
 

The results of the "refinement" obtained with fixed and released (as a refinable 
parameter) zero-shift are shown in Figs. 2a and 2b, respectively.  Since our starting pattern 
corresponds to a "perfect experiment", one would expect that a proper optimization algorithm 
should reproduce the lattice parameter of the model.  As seen in Figs. 2a and 2b, apparently 
the Rietveld program makes corrections that "adjust" experimental results to the unit cell 
(which itself is the reference model implemented in the program).  The differences between 
the "experimental" and "optimized" curves are quite substantial and very similar for both 
zero-shift cases.  The calculated lattice parameters are very different from the real value used 
in the model, larger when zero-shift is set to zero and smaller when zero-shift is set as a 
variable.  Obviously the applied elaboration method is not properly responsive with respect to 
determination of the lattice parameter of the sample in the sense, that its specific calculated 
value is dependent on other refinable parameters.  Here we allowed only zero-shift to be 
"refined" (in addition to the lattice parameter) and set other parameters at constant values.  In 
a real experiment one needs to optimize the refinement procedure and account for a variety of 
refinable instrumental parameters (like the sample displacement, beam divergence, etc.) and 
structural parameters (like site occupancy, lattice defects, atomic thermal vibrations, etc.), all 
of which are very strongly coupled with each other.  This coupling becomes stronger with an 
increase in broadening of the Bragg peaks.  Coupling with the lattice parameters has an 
obvious effect on the calculated values.  This, of course, practically disqualifies a direct use of 
Rietveld refinement method for examination of nanocrystals. 

 
  As a matter of fact the, failure to reproduce the lattice parameter does not invalidate 

the Rietveld program itself.  The origin of the failure of a successful refinement of the lattice 
parameter is in the fact that the Bragg equation does not apply to small crystals. 

 
How to "safely" use the Bragg equation - to make it still useable for nanocrystals? 
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Fig. 3  Dependence of the alp/a0 ratio on the diffraction vector calculated for Al, NaCl and Y2O3 spherical 
grains with 3 nm (open circles) and 5 nm (solid circles) diameter.  The arrowed lines below the abscissas 
show the Q-ranges used to compute individual alp values with the DBWS Rietveld program.  a0 is the lattice 
parameter of the model grain. 
 

Limitation of application of the Bragg equation to nano-pattern is obvious when one 
calculates the values of the lattice parameters for individual reflections.  We did that based on 
the theoretical diffractograms for Al, NaCl, and Y2O3 nanograins.  Because there is always an 
overlap of Bragg reflections, particularly strong for Y2O3 which has very large unit cell, 
instead of deriving positions and associate lattice parameters for every individual Bragg 
reflection we used the Rietveld program for the refinement of the lattice parameters using 
groups of sequential reflections occurring in small intervals of the diffraction vector Q and let 
the lattice parameter a to be refined.  The same procedure was applied to all three materials.  
The lattice parameters derived for individual reflections or groups of reflections we call the 
apparent lattice parameters, alp [27 - 29];  for groups of reflections the calculated lattice 
parameter was assigned to the center of the Q interval.  To present alp-Q relations we use the 
relative values of alp/a0, where a0 is the lattice parameter of the bulk single crystal sample.  
The results of this analysis are shown in Fig. 3 and carry a clear message:  the value of the 
calculated lattice parameter depends on the specific value of the diffraction vector Q.  In other 
words, the lattice parameters calculated for nanocrystals from a diffraction experiment do not 
have a unique meaning (as they do for standard crystalline materials) but are a kind of a 
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variable.  Fig. 3 shows also that the specific shape of the dependence of alp/a0 on Q is 
associated with the grain dimensions, and that it depends also on the specific crystal structure.   

 
For the simplest of the three structures, Al, the alp/a0 value decreases monotonically 

with increasing Q to nearly a unity at Q �  10, with some deviation on the order of 0.01 - 
0.02% at Q = 15 Å-1, the deviation being larger for the smaller grain.  Somewhat more 
complex relation is observed for Y2O3 for which the alp/a0 ratio reaches unity at several 
different Q-values and, for smaller grains, its value even drops below unity at the largest Q 
(which is obviously a shortcoming of the software which does not work well for a large 
number of strongly overlapping very broad reflections).  

 
The calculated values of the apparent lattice parameters are larger than the real values 

of the lattice parameter of the model used.  That results from shifts of the positions of the 
Bragg peaks towards smaller Q’s than those corresponding to the perfect crystal lattice.  
Those shifts are understandable on the ground of the general theory of diffraction:  they are 
caused by the short length of the Fourier series over the row of atoms in the direction normal 
to the hkl plane (in other words, it is due to the finite size of the scattered object) [15, 31].  As 
a consequence the Bragg equation, which describes distances between hypothetical atomic 
planes in the crystal lattice, does not apply to nano-size grains where the long-range atomic 
order is limited by the size of the crystallite and is smaller than the coherence length of the 
scattered beam.   

 
The departure of Bragg peaks from their "proper" positions is a function of the 

crystallite dimension in the direction normal to the plane, thus for crystallites with an 
anisotropic shape the shifts of individual reflections are different than for spherical grains 
[29].  That, in principle, makes it possible to deduce the grain dimensions and shape from alp-
Q plots, but here we do not discuss this point further in this paper.   

  
Figure 3 shows an important property of alp-Q plots:  alp values calculated for small-

Q reflections are larger than the real values of the lattice parameter, and the alps calculated 
for large-Q reflections tend to reach the real value of the lattice parameter of the model, even 
for very small grains. This shows that if a nanocrystal was a small single crystal with a perfect 
lattice, one could determine the real values of the lattice parameters of the structure by 
measuring Bragg reflections at very large Q values.  However, a conventional diffraction 
experiment performed in an X-ray laboratory using Cu or MoKa radiation yields diffraction 
data up to a maximum Q of only about 6 and 12 Å-1 respectively, where all alp values are 
larger than the real value of the lattice parameter.  

 
All the above considerations lead to the conclusion that even if a nanocrystal had a 

uniform structure with a perfect crystal lattice, a routine application of powder diffraction 
technique using best laboratory X-ray radiation sources would not provide information on the 
real lattice parameter of the nanocrystal:  they will always be overestimated.   

 
 

4. Special features of alp-Q dependence for nano-crystals with the fcc structure 
4.1 Deformation of the cubic lattice:  elongation in the [111] direction 

 
The effect of the grain dimension on the positions of Bragg peaks presented in Section 

3 is relatively simple for a cubic lattice, since one needs to examine only one lattice 
parameter.  We showed that specific alp-Q relationships depend on the atomic structure of the 
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nanocrystal, Fig. 3.  In this work we chose one type of a cubic structure, fcc, to examine in 
detail application of alp-Q relationships for examination of core-shell models of nanocrystals.  
Below we present an analysis of alp-Q dependencies based on various models of diamond 
nanocrystals.  Although it is obvious that the atomic structure of a nanocrystal must be 
different from that of a large volume sample of the same material, the differences might be 
very small and difficult to evaluate.  Therefore, we discuss first some specific structural 
properties of the fcc structure (of diamond, SiC, and other isotypical structures) which are 
important for a unique interpretation of the diffraction data. 

 
 

4.2 Diamond:  a relationship between cubic and trigonal lattices   
 
Experiments show that nano-materials with the parent cubic structure of fcc (diamond, 

SiC, GaN, ZnS, etc.) often contain stacking faults which cause local disturbance of the cubic 
type layer stacking ...ABCABC... .  For instance, a single twin-like stacking fault leads to 
conversion of ABC into CBA stacking: .... ABCAB C BACBA... [32, 33].  In real materials 
the effect always associated with stacking faults is, that the ratio of interatomic distance in the 
hexagonal planes and of the interplanar distance, (c/a), deviates from its perfect value of 
0.8165 (for fcc cubic structure).  Even a small change in c/a ratio causes that the structure is 
no longer cubic and the symmetry of the structure is changed from cubic to trigonal.  As a 
consequence, the original cubic Bragg reflections split.  In practice this effect can be easily 
overlooked in a diffraction experiment of a nanocrystal, which makes evaluation of its real 
structure even more difficult.  C/a ratio can be measured accurately in ordinary crystalline 
materials.  In small crystallites, due to size-broadening of the Bragg lines, the split may be 
overlooked and the Bragg reflections may still look like single reflections.  If this is the real 
case, then what one really measures in the experiment and calculates based on the measured 
positions of the Bragg reflections is not the cubic lattice parameter, a, but a cube root of the 
volume of a deformed cubic unit cell (a trigonal unit cell).  As there is often an uncertainty 
concerning the real c/a ratio of the examined nano-samples, for the lattice parameters 
determined experimentally we suggest the use of the term "Equivalent Cubic lattice 
parameter", EClp,  instead of the cubic lattice parameter "a";  for the non-deformed cubic 
lattice EClp is equal to the cubic lattice parameter a.   Explanation of the origin of EClp is 
illustrated in Fig. 4. 

 

 
 
Fig. 4 Relationship between the cubic and trigonal lattice parameters of the diamond lattice.  Vcubic - volume 
of the cubic unit cell, Vtrig - volume of the trigonal unit cell.  (acubic)equiv - equivalent cubic lattice parameter, 
EClp, of the cubic unit cell elongated in the [111] direction. 
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Fig. 5  Effect of a change of (c/a) ratio on alp-Q plots for diamond of 5 nm in the grain diameter. (1), (c/a) 
ratio of the cubic structure; (2), (c/a) ratio increased by 0.2%;  (3), (c/a) ratio increased by 0.4%.   Above the 
plot:  corresponding Bragg reflections in the Q range of 24.3-25.3 Å-1(see the arrow). 
 

 

 
 
Fig. 6  Effect of a change in (c/a) ratio on alp-Q plots for diamond of 10 nm in the grain diameter.  (1), (c/a) 
ratio of the cubic structure; (2), (c/a) ratio increased by 0.2%;  (3), (c/a) ratio increased by 0.4%.  Above the 
plot:  corresponding Bragg reflections in the Q range of 24.3-25.3 Å-1(see the arrow). 
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Note:  Examination of theoretical alp-Q plots presented in this work is based on diffraction 
patterns calculated for the diamond structure for which the individual reflections are well 
separated.  Therefore one can measure positions of individual reflections separately and up to 
large Q’s.  For practical reasons, because of a pronounced diffuse scattering which does 
belong to Bragg scattering but cannot be uniquely associated with individual reflections, to 
determine positions of individual peaks we fit the shape of the upper half of the reflections 
and determine the maximum of this profile to calculate alp values.  In the general case, for 
lattices with complex structures and, thus, overlapping reflections, it is recommended to 
calculate individual alp values for Q intervals, as illustrated in Fig. 3. 

 
Figs. 5 and 6 show theoretical alp-Q plots obtained for three models with the same 

layer stacking and the same interatomic distances in the hexagonal plane (the same trigonal 
parameter a).  In model (1) the (c/a) ratio is equal to that of the cubic fcc lattice, in (2) and (3) 
the interplanar spacing (trigonal parameter c) was increased by 0.02 and 0.04%, respectively.  
The equivalent cubic lattice parameters, EClp's, of curves 2 and 3 are larger than that in the 
cubic diamond lattice by 0.0065 and 0.013%, respectively.  The values of EClp’s are drawn in 
Figs. 5 and 6 as reference lines. 

 
All curves in Figs. 5 and 6 show a similar characteristic increase in alp values with a 

decrease in Q, which originates from the small grain dimensions (c.f. Section 3).  It does not 
depend on the (c/a) ratio.  From about Q = 10 Å-1 a decrease in alp is observed and the alp/a0 
values drop below the corresponding EClp line.  The origin of this "drop" of alp below EClp 
at larger Q's lies in the split of the (original) single Bragg reflections of the cubic structure 
into trigonal reflections.  Such split is clearly visible at the largest Q reflections in Fig. 6 for 
the model (model (2)), where only the asymmetry of the peaks is visible and the split peaks do 
not show on the patterns of 5 nm sample at all, Fig. 5.  This demonstrates that even if one 
observes a presence of only cubic Bragg peaks, they might be not true singular peaks but a 
combination of the intensity maxima of a set of reflections from the trigonal structure.  For 
very strongly deformed cubic lattice, (c/a) larger by 0.4%, due to a shift of trigonal peaks 
towards smaller Q’s the maximum no longer corresponds to the weighed position of all 
trigonal reflections but, rather, to the strongest reflection of the trigonal peaks set.  This is the 
real reason why smaller alp values are found for large Q reflections. 

  
  

4.3 The effect of a presence of stacking faults with simultaneous deformation of the 
cubic lattice 
 
A presence of stacking faults without affecting the (c/a) ratio of the cubic structure 

leads to broadening of the Bragg reflections without changing their positions.  However, an 
appearance of a stacking fault together with a change in (c/a) has a very strong effect on the 
alp-Q plots, Fig. 7.  This combined effect causes that the reflections become asymmetrical, 
with their tails extending towards smaller Q, i.e. towards larger interplanar spacings.  What 
one actually measures is the maximum intensity which is shifted towards larger Q values.  As 
a result, all values of alp calculated for peak maxima are smaller than the actual EClp 
corresponding to the real structure of the nanocrystal (here:  the model for which the pattern 
was calculated).  This effect is demonstrated in Fig. 7 which shows peak shapes calculated for 
models with various (c/a) values.  Since individual cubic Bragg peaks show different 
dependence (sensitivity) on changes of the layer stacking [32] and on a change in (c/a) ratio, 
they shift differently relative to the reference cubic reflections.  For instance, the cubic 
reflection (400) corresponds to a single trigonal reflection (20-4) and its position does not 
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depend on the layer stacking;  the cubic reflection (660) splits into two trigonal reflections, 
(238) and (330), the positions of which overlap.  For such reflections the peak maxima 
overlap and their weighted positions are roughly independent of the actual layer stacking.  For 
reflections with a strong split (see the peak shape at Q = 24.9 Å-1 in Figs. 6 and 7) the 
measured alps correspond to the strongest peaks.  The alps corresponding to these maxima 
are at larger Q, thus they correspond to smaller d values than the interlayer spacing derived 
from the weighted position of the group of trigonal peaks split from the parent reflection of 
undistorted cubic lattice.  As a result, alp values calculated for individual reflections show a 
strong "scatter" (Fig. 7) and form two groups of reflections.  One group is affected by a 
presence of stacking faults (smaller alps) the others is not.  The latter forms the group with 
higher alp values and resembles the relation obtained with the model w/o stacking faults (c.f. 
Fig. 6).   
 

 
 
Fig. 7 The effect of stacking faults on alp-Q plots for 10 nm diamond grain containing one stacking fault 
and:  (1), (c/a)  ratio equal to that of the cubic structure; (2), (c/a) ratio increased by 0.2%; (3), (c/a) ratio 
increased by 0.4%.  Above the plot: Bragg reflections of a perfect cubic diamond 10 nm grain (solid line) and 
of a similar grain containing one stacking fault and (c/a) ratio increased by 0.4% (dotted line). 
 

The results of our theoretical calculations of the patterns of models with stacking 
faults and different (c/a) ratios presented above show an "idealized" representation of the 
effects which may influence an interpretation of diffraction patterns of nanocrystals with fcc 
structure.  Our calculations correspond to a unique "perfect experiment", where the shape of 
the diffraction lines is purely Gaussian with the line widths reflecting the finite dimension of 
the nanocrystal.  In practice the situation is much more complex since in real materials there 
is always a distribution of crystallite dimensions and one has to account for instrumental 
(experimental) factors which have an effect of the lines profiles and positions.  In general, all 
of those factors cause a further "averaging" of the diffraction image of the examined samples.  
In the cases discussed above one would not even see an indication of a split of individual 
(originally cubic) Bragg reflections and would probably not even notice an asymmetry of the 
reflections.  However, although the specific shape of the diffraction pattern can change very 
much under different experimental conditions, the atomic ordering in the sample which 
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decides on distribution of the diffracted intensity always hold and the intensity maxima 
remain quite at the same positions.  Therefore we claim that the analysis based on 
determination of the apparent lattice parameters is reliable.  

 
 

5. When nanocrystal is not just a small single crystal.... 
 
A widely accepted tentative model of a nanocrystal which we consider here is a core-

shell model where the core has a well defined crystal structure while the shell has the 
structure different than the core but closely related to it.  Considering such model one has to 
revise the definition of the "characteristic dimension" of a nanocrystal:  the surface always has 
a certain thickness which has to be specified and which should be considered as an additional 
characteristic dimension.  For this reason an application of the term "size" to even spherical 
nanograins is somewhat ambiguous.  The actual physical dimension of a nanocrystal, which is 
commonly used as "characteristic dimension", is in fact the diameter of the grain core plus 
twice the surface shell thickness.  From this point of view, considering a core-shell model of a 
nanocrystal one needs to determine two "characteristic dimensions":  its physical dimension 
and the thickness of the surface shell.    

 
From examination of Bragg diffraction one may learn only about this part of the 

sample volume which contributes to coherent scattering.  If the surface atoms remain in a 
coherent relationship with the core of the grain we have a chance to learn about the core-shell 
structure of the grain.  When the surface shell consists of a gas-like or amorphous phase, 
information on the surface is not contained in the Bragg scattering.  In such a case the 
nanocrystal should be considered as a small single crystal, perfect single crystal models 
examined in Section 4 apply.  Below we examine models of nanocrystals where the surface 
shell atoms scatter coherently with the grain core. 

 
The first problem that one faces when selecting a model is that it has to be adequate to 

the applied diffraction techniques, which means that a quantitative description of the model 
could be verified experimentally with application of a predetermined data elaboration method.  
The model has to be relatively simple and it has to be possible to define it with a small 
number of parameters.  The first assumption that we make is that the grain core has a perfect 
crystal lattice.  The second is that the surface shell continues the scheme of arrangement of 
atoms in the core.  The third assumption is, that all inter-atomic distances in the shell are 
shorter or longer than those in the core (the whole atomic shell is either expanded or shrunk 
isotropically relative to the core).  In real materials the change of interatomic distances 
between the core and the shell never occurs abruptly.  There is a very broad field for 
speculations how the change for specific materials does occur.  Definitely powder diffraction 
is not a good tool for studying this problem.  Therefore, without pretending to examine 
interfaces between the core and the shell, we limit our considerations to a model where the 
inter-atomic distances between core and shell do indeed change their length abruptly.  A 
scheme of a tentative core-shell model is presented in Fig. 8.  The parameters which 
characterize the model are: 

 
2R   - grain diameter, 
s0   - thickness of the surface shell, 
(Dr/r )shell - relative (to the grain core) change of the interatomic distances in the shell.  
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Note: in our earlier papers [18 - 20] we called the (Dr/r) shell parameter a "surface strain", 
which  appeared  misleading to some readers, so we do not call it "strain" any longer. 
 

Additional parameters which characterize our models are those related to the atomic 
lattice of the parent structure (i.e. that of the core) like stacking faults, strains, etc., which we 
discussed in the previous Sections. 

 

 
 
Fig. 8  Two-dimensional nano-crystal with a core-shell structure; (a), Change of interatomic distances r1 to 
r7 between pairs of atoms within the grain resulting from an increase in the interatomic distances in the 
surface shell:  (r1)shell = (r0

1 + Dr1);  (b), Change of the average value of inter-atomic distances, from the 
shortest (r1) to the longest (r7) distance along the x-axis; Dr/r0

1 = 5%. 
 

Fig. 8 shows a two-dimensional nano-model where the thickness of the surface shell is 
equal to that of the shortest interatomic distance r1.   In all pairs of atoms present in the shell 
this distance is changed by Dr, (r1) shell = (r0

1 + Dr).  The largest interatomic distance in the 
grain (which corresponds to the grain diameter)  is (r i)max = 2R = n ́  r0

1.  Along the x-axis the 
distance r0

1 repeats itself n times, and larger distances are less abundant, ni =  n - (r i/r
0
1).  Two 

of ni distances of r i are changed by Dr, and an average distance is (r i)average = (ni´ r0
i + 2Dr)/ni.  

This relationship is presented in Fig. 8a and shows that the average values of the shortest, 
<r1>, and the longest distance, <rn>, show the largest deviations from the related distances in 
the bulk crystal.  The distances which are close to the grain diameter deviate the least from 
their bulk values.  Similar relationship holds for 3-dimensional nanocrystal with the core-shell 
structure, Fig. 9.  (Note: the inter-atomic distance functions (IDs) showed in Fig. 9 were 
obtained for the models where the positions of individual atoms were distributed about their 
static lattice sites following the Gaussian function with the half-width of the assumed 
amplitude of thermal vibrations of 0.1 Å;  this methodology approximates (simulates) the 
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effect of thermal vibrations of the individual atoms, which allows to convert the ID plot into a 
smooth curve [21, 22].)   

 

 
 
Fig. 9  Change of interatomic distances calculated for a model of 5 nm diamond nanograin with a perfect cubic 
lattice, and for a similar model with 0.3 nm thick surface shell, within which the interatomic distances are 
smaller by 5% relative to the grain core.  (a) Interatomic distance function calculated for the models;  (b) 
Decrease in r-values with an increase in their length;  (c) Relative change in the average r-values with an 
increase in their length. 
 

A diffraction experiment provides information averaged over the whole sample 
volume and thus yields average interatomic distances in the sample [34 - 37].  It should be 
possible to obtain relationships like that presented in Fig. 9 from the experimental data by 
PDF analysis.  In principle, experimental determination of such relationships is possible but 
requires a very accurate determination of the inter-atomic distances up to the grain diameter.  
It is realistic to get such relationships for very small, a few nanometer diameter nanocrystals.  
A preliminary evaluation of the results of PDF analysis which we made using NPDF 
diffraction data (at LANSCE, Los Alamos) for 5 nm nanodiamonds shows that indeed the 
deviation of the average r-values from those of the reference diamond lattice decrease with an 
increase in interatomic distance.  However, the evidence is too weak (to give enough 
confidence) to be presented in this paper. 

 
Although possible in principle, our goal is not in establishing relations (analytical 

functions) which would link the effect of the surface shell to relative changes of individual 
inter-atomic distances.  We chose an alternate approach:  we transpose changes of r-values in 
real space into reciprocal space and describe them by interplanar spacings d.  As a matter of 
fact, a full relationship between interatomic distances and diffraction pattern is contained in 
the Debye formula, and we apply this relationship to examine the core-shell model.   In other 
words, we evaluate the effects of changes in the average values of interatomic distances 
through examination of the Bragg scattering.  Specifically, we base our analysis on the alp-Q 
plots calculated for models of nanocrystals with different surface shell structures and compare 
them to our experimental diffraction data.  Theoretical calculations presented in the following 
sections were performed for diamond nanocrystals. 

 
The position of a Bragg reflection which corresponds to a given interplanar spacing d 

is a complex function of the inter-atomic distances in the lattice, i.e. of the atoms occupying 
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the lattice plane hkl and those in the direction normal to this plane.  The Bragg reflections 
occurring at small diffraction vectors (those with low Miller indices) correspond to (originate 
from) interplanar spacings of the lattice planes which are most densely packed by atoms and, 
thus, provide information on relatively short interatomic distances in the sample.  Positions of 
these reflections are influenced mainly by relatively large deviations of the actual average 
values from those of the shortest interatomic distances in the reference perfect lattice.  

The lattice planes corresponding to smaller d values (those with larger hkl values, 
which occur at larger diffraction vectors) are formed (filled) by more and more distant atoms 
(density of packing the planes with atoms gets smaller) and the average distance between 
these atoms gets closer to that in the grain core, Fig. 9c.  Consequently, the positions of the 
corresponding Bragg reflections are less affected by a presence of the surface shell.  The shift 
of the Bragg peak positions towards smaller or larger d-spacings follows the sign of (Dr/r)shell 
in the shell.  Fig. 9c shows that the surface shell has the smallest effect on change in those 
average values of interatomic distances which correspond to ~half of the grain diameter. 
Since average values of all interatomic distances are affected by a presence of surface shell, 
all d-values determined from Bragg reflections have to be different from that of a perfect 
crystal lattice of the grain core.  This effect is weaker for larger grains but it is always 
there. This shows that the lattice parameter of the core, even when it comprises a perfect 
crystal lattice (like in the assumed model) cannot be directly determined from Bragg 
reflections measured in a diffraction experiment. 

 
In the following sections we examine alp-Q plots of a series of models of 

nanocrystalline diamond with 5 and 10 nm grains and different thickness and structure of the 
surface shell. 

 
 

5.1 Models with a small change of the surface shell structure relative to the core:   
(DDDDr/r)shell = -1% 
 

 
 
Fig. 10  Theoretical alp-Q plots of a model of 5 nm diamond grain.  Interatomic distances in the surface shell 
with thickness of  0.15 and 0.3 nm (surface contains 17 and 32% of the total number of atoms in the grain, 
respectively) are smaller by 1% than those in the core. 
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Fig. 11  Theoretical alp-Q plots of a model of 10 nm diamond grain.  Interatomic distances in the surface shell 
with thickness of 0.3 and 0.5 nm (surface contains 17 and 27% of the total number of atoms in the grain, 
respectively) are smaller by 1% than those in the core. 
 

Figs. 10 and 11 illustrate the sensitivity of alp-Q plots to a relatively small change in 
interatomic distances in the shell with respect to the core.  The increase in the alp values at 
smaller Q's is due to the finite size of the grains.  Similar behavior of the plots is observed 
independent of inter-atomic distances in the shell.  Beginning from Q of about 8 - 10 Å-1 the 
alp is constant, until it starts to decrease at Q of about 15 Å-1 for 5 nm and 25 Å-1 for 10 nm 
grain.  We believe that this decrease in the alp values at larger Q’s is related to the increased 
effect of the surface atoms on the average values of <ri> for r's larger than the grain radius, 
Fig. 9.  The beginning of the decrease in alp is at lower Q for the smaller grain (at d » 0.45 Å) 
and larger for the larger grain (at d » 0.23 Å), which conforms to an increase in (Dr/r) when ri 
is larger than the grain radius, Figs. 8 and 9,  Section 3.3.  

 
It is worth noticing that the shapes of the plots for structures with different thickness 

of the shell (different percentage of the surface atoms) are nearly identical.  The only evident 
effect of a presence of a reduced interatomic distance in the shell is a parallel shift (offset) of 
the alp plot towards smaller alp values.  Up to Q of about 15 Å-1 there is no indication of a 
presence of the core-shell structure (the overall shape of the plot is retained) and only the 
decrease in alp at larger Q is an indication of a presence of the shell. 

 
A simple and important conclusion results from the above examples:  without 

knowing that the alp-Q plots in Figs. 10 and 11 were calculated for a core-shell model, one 
might interpret the alp-Q plots as corresponding to nanocrystals with a perfect crystal lattice 
in the whole volume but with smaller lattice parameter than that of a bulk crystal sample.  In 
other words, for materials with a very small change of interatomic distances at the surface a 
presence of surface shell may be easily overlooked. 

 
 

5.2 Models with a large change in the surface shell structure:   (DDDDr/r)shell = -5% 
 

The next two graphs show the results of our calculations for 5 and 10 nm grain models 
with the same percentage of atoms in the core and surface shell for different (Dr/r )shell values. 
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Fig. 12   Effect of the surface shell:  theoretical alp-Q plots of a model of 5 nm diamond grain with interatomic 
distances in the surface shell (0.3 nm thick, 32% atoms in the shell) smaller by 1, 3, and 5% than that in the core.  
Above the plot:  representation of Bragg reflections of the three models at different Q intervals. 
 

For 5 nm grain with an increase in (Dr/r )shell from 1 to 3 % the shape of the alp-Q plot 
changes only a little, but the change in the shape for the 5% model is substantial, Fig. 12.  The 
reason for an increase in alp values (note that they are calculated from the upper half of the 
peaks, Section 3) with an increase in Q is, that the coherence between the core and the surface 
atoms gets weaker for larger interatomic distances (smaller d-values) and contribution of 
scattering from the most outer atoms to the Bragg scattering decreases.  This effect is 
demonstrated in the upper plot in Fig. 12 showing a change in relative shift between the peaks 
obtained for different models. 
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Fig. 13   Effect of the surface shell:  theoretical alp-Q plots of a model of 10 nm diamond grain with interatomic 
distances in the surface shell (0.5 nm thick, 27% atoms in the shell) smaller by 1, 3, and 5% than that in the core.  
Above the plot:  representation of Bragg reflections of the three models at different Q intervals. 
 

Similar consideration applies to 10 nm grain, Fig. 13, but here the effect of weakening 
of coherence between the core and the shell atoms is much more evident:  for the model with 
the interatomic distance in the shell smaller by 5%, after the initial strong drop at smaller Q 
the alp values reach nearly the value of the lattice parameter of the grain core.  For this model 
we observe an additional effect related to the thick surface shell:  the atoms of the shell scatter 
coherently with each other, which is reflected in the appearance of small intensity maxima on 
the right hand side of the "main" Bragg reflections (the upper part of Fig. 13).  The small peak 
appears in the low Q-range (i), becomes less pronounced in the mid-range (ii), and disappears 
at very large Q, where scattering from the surface atoms contributes only to diffuse scattering 
underneath the Bragg peaks (iii). 

 
 

5.3 The effect of an increasing content of the surface atoms for (DDDDr/r) shell = -5% 
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Fig. 14   Effect of the shell thickness:   theoretical alp-Q plots of a model of 5 nm diamond grain with 
interatomic distances in the surface shell (0.15, 0.3 and 0.5 nm thick, corresponding to 17, 32, and 50% of all 
atoms in the surface shell, respectively) smaller by 5% than that in the grain core.  Above the plot:  (a), relative 
changes of r-values averaged over the whole grain volume for 0.5 nm thick shell, and (b),  Bragg reflections for 
three models at different Q ranges. 
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Fig. 15  The effect of the shell thickness:  theoretical alp-Q plots of a model of 10 nm diamond grain with 
interatomic distances in the surface shell (0.3, 0.5 and 1.0 nm thick, corresponding to 17, 27, and 50% of all 
atoms in the surface shell, respectively) smaller by 5% than those in the grain core.  Above the plot: (a), relative 
changes of r-values averaged over the whole grain volume for 1.0 nm thick shell, and (b), Bragg reflections for 
three models at different Q ranges. 
 

The alp-Q plots of 5 and 10 nm grains shown in Figs. 14 and 15 exhibit similarities 
but also clear differences related to different distribution of relative changes of the average 
values of r's, from the shortest to the largest values , c.f. Figs. 8 and 9.   

 
A large (5%) difference between interatomic distances in the surface shell relative to 

the core causes that the coherence between the core and surface atoms weakens very fast with 
an increase in the interatomic distance r i.  This effect is much stronger in the larger grain:  
coherence of the atoms located in the center of the grain with the surface atom weakens with 
the grain radius and, thus, it is much weaker in the 10 nm than 5 nm grain.   Figs. 14 and 15 
show that although in both models the average value of the shortest interatomic distance is the 
same, the distributions of changes for larger r's are very different:  in the 5 nm grain all 
interatomic distances are shorter by at least 0.2% from those in single crystalline diamond,  
even for the smallest deviations from the core value for the distances of about the grain 
radius, while in 10 nm grain the distances on the order of the grain radius are very close to 
sthose in the diamond lattice, c.f. Fig. 9.  For 10 nm grain the alp values at Q of about 15 Å-1 
reproduce reasonably well the lattice parameter of the grain core, for 5 nm grain the alp 
values are smaller than the lattice parameter of the grain by about 0.03 to 0.15%, Fig. 14.  The 
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top graphs in Figs. 14 and 15 illustrate different evolution of Bragg reflections of 5 and 10 nm 
models with an increase in the thickness of the surface shell.  

 

 
 
Fig. 16   Theoretical alp-Q plots of a model of 10 nm diamond grain with interatomic distances in the surface 
shell (0.3, 0.5, and 1.0 nm thick) larger by 5% than those in the grain core. 
 

All our considerations about the effects of the surface shell thickness and shorter 
interatomic distances in the shell on alp-Q plots are valid also for similar models but with the 
interatomic distances in the shell not smaller but longer than those in the core.  The plots 
similar to Fig. 15 but with an expanded lattice in the surface shell are presented in Fig. 16.  
Both sets of plots show exactly the same shape, symmetrical about the horizontal axis, with 
the only difference at the smallest Q, where the effect of the small size always leads to larger 
alp values, irrespective of the specific core-shell structure of the grain.  

 
 

5.4 Experimental evidence of the core-shell model examined by the alp-Q method 
 
Below we present two examples of evaluation of the core-shell structure of 

nanocrystalline diamond and SiC using neutron and X-ray scattering, respectively.  We 
investigated UD96 diamond nanopowder (obtained from Microdiamant) that was vacuum pre-
annealed (for 2h) at temperature of 400oC.  The measurements were performed at room 
temperature using large-Q neutron diffraction data collected at NPDF station at LANSCE, 
Los Alamos, USA.  

 
SiC powder of the average grain size of about 20 nm was measured at room 

temperature at the X14A beamline at the National Synchrotron Light Source, Brookhaven 
National Laboratory.  LaB6 was used as the standard for precise determination of the peak 
positions.  Diffraction data were collected by counting for 0.01 s for each 2� , in steps of 0.02o, 
from 16 to 120o, at l = 0.80532 Å.  

 
5.5 Nanocrystalline diamond 
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Fig. 17   Effect of stacking faults and (c/a) distortion in diamond:   experimental and theoretical alp-Q plots 
calculated for a model of 5 nm grain with the surface shell 0.3 nm thick and C-C distances larger by 3% than 
those in the grain core, (Dr/r)shell = +3%.  The single grain contains on average one twin-like stacking fault (c.f. 
Section 4.2) and has the c/a ratio of about 0.2% larger than that in the perfect cubic structure.  Above the plot:  a 
comparison of the positions of Bragg peaks measured experimentally with those of the perfect cubic diamond 
lattice. 
 
 Fig. 17 shows the result of examination of a range of models of 5 nm diamond in 
which different parent structures were assumed (a presence of different types and densities of 
stacking faults and various c/a ratios) and different core-shell model parameters were used.  
The values of alp/a0 were calculated for individual reflections assuming a0 value of a perfect 
diamond lattice, a0 = 3.5667 Å.  The best fit of theoretical and experimental patterns shows a 
very good reproducibility of positions of individual reflections within the whole Q-range 
analysed.  Although the diamond lattice is strongly deformed, (D(c/a) = +0.2%), the EClp 
value is only a little larger than the lattice parameter of the perfect diamond lattice.  The top 
graph in Fig. 17 shows experimental pairs of subsequent peaks for which the alp values differ 
very significantly.  The arrows in the figure indicate the direction of the shift of the peaks 
from their positions in the perfect diamond lattice.   
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Fig. 18   Effect of stacking faults and (c/a) distortion in SiC:   experimental and theoretical alp-Q plots 
calculated for a model of 10 nm grain with the surface shell of 0.5 nm thick and C-C distances larger by 5% than 
those in the grain core.   The single grain contains on average one twin-like stacking fault per 12 layers and has 
the c/a ratio about 0.2% larger than that in the perfect cubic structure.  Above the plot: a comparison of the 
positions of Bragg peaks measured experimentally with those of the perfect cubic SiC lattice (ao = 3.07862 Å, co 
= 2.51872 Å);  c/a = 1.002́0.8165;  so = 0.5 nm; (Dr/r)shell = +5%. 
 
 The effects of various (c/a) ratios and of a presence of stacking faults in the parent 
structure (the grain core) and of different core-shell model parameters on diffraction were 
investigated also for nano SiC.  Experimental data were obtained in a smaller Q range than 
that for diamond (up to Q about 9 Å-1) which was sufficient for evaluation of the sample 
structure.  The top graph in Fig. 18 shows experimental alp values measured for individual 
reflections, and theoretical alp values also calculated for single reflections, up to Q of 16 Å-1.  
Within the examined Q-range, the theoretical alp values match very well those measured 
experimentally, except for the first cubic (111) reflection.  The position of this reflection 
changes strongly with the grain dimension, and we were unable to match the position of this 
peak simultaneously with the others using the same model of the grain.  Dispersion of the 
grain sizes in the examined sample is quite large, thus we suspect that the very large value of 
alp for this peak originates from a fraction of very small, a few nm grains.  Similarly to 
diamond nanocrystal, SiC contains twin-like stacking faults with density of about one twin 
per 12 layers, and elongation of the lattice in the [111] cubic direction is larger than that in 
diamond (Dc/a = +0.3%).  The thickness of the surface shell is about 0.5 nm and the estimated 
relative increase of interatomic distances in the surface shell is about 5%.  Similarly as in 
diamond, although (c/a) ratio is quite large, the equivalent cubic lattice parameter of the grain 
core is only slightly larger than that of the lattice parameter of a single crystal SiC.  This core 
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is surrounded by the shell where the interatomic distances are larger by about 5% than those 
in the core.  An example of shifts of three subsequent Bragg reflections from their original 
cubic positions is shown in Fig. 18: the arrows indicate the direction of shift of the peaks from 
their expected positions.   
 
 Obviously there is a limited accuracy of the values of the parameters of the examined 
core-shell models.  This is due to using a simple model assuming a step-like change of 
interatomic distances between the core and the shell, and to the diffraction experiment itself 
which has its technical limitations.  Figs. 19 and 20 show alp-Q plots of a model similar to 
that proposed for SiC sample under examination but with slightly different values of the 
model parameters, (Dr/r)shell and s0, which serves as a sensitivity test of our model matching 
procedure. 

 

 
 
Fig. 19  Comparison of theoretical alp-Q plots calculated for a model of 10 nm SiC grain with the surface shell 
thickness from 0.3 to 0.6 nm and the interatomic distances in the surface larger by 5% than those in the grain 
core. 
 
 The thickness of the shell proposed for our model is 0.5 nm.  Fig. 19 shows alp-Q 
plots calculated for four models with different surface shell thickness, smaller and larger than 
0.5 nm.  As can be seen, the alp-Q plot is sensitive to the surface shell thickness and we claim 
that the 0.5 nm shell thickness which we derived can be believed to be accurate within a few 
Å.  
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Fig. 20  Comparison of theoretical alp-Q plots calculated for a model of 10 nm SiC grain with the surface shell 
0.5 nm thick and an increase in the interatomic distances in the surface by 4, 5, and 6 %. 
 
 Fig. 20 presents alp-Q plots calculated for three (Dr/r )shell values about that proposed 
for our SiC model.  As can be seen, the alp's are, again, sensitive to changes in the interatomic 
distances in the shell, which lends reliability to the (Dr/r )shell = +5% value established for our 
model. 
 

 
Summary 

 
In the last 20 years substantial efforts in nanomaterial research were focused on 

development of technologies of synthesis which could lead to immediate applications.  It is 
surprising that the need for basic research in this field has been somehow ignored/overlooked.  
Although the knowledge about the structure at the atomic scale is the key to understanding the 
materials behavior, no standard procedures of the structural analysis of nanocrystals have 
been established yet.  In this presentation we indicated only a few problems related to 
examination of the atomic structure of nanocrystals focusing on powder diffraction 
techniques.  In the last few years the interest in such studies is increasing and one can expect 
that in the near future some standards for characterization of these types of materials will be 
established. 

 
There are various kinds of arguments used in discussions on whether reciprocal space 

analysis, which refers to characteristic Bragg scattering, or real space analysis, atomic Pair 
Distribution Function (PDF) based on the total measured intensity, is better suited for 
examination of nanocrystalline materials.  Such approach would get us nowhere though.  Both 
techniques give information on the atomic structure which is a volumetric average of the 
sample.  This is the major concern of structural analysts of poly-crystalline materials and 
nanocrystals in particular.  None of this technique is capable of providing a complete, unique 
image of a nano-crystal [29, 38]. 
 

The unique power (strength) of these techniques is in the following: 
 (1) Analyses made in "reciprocal space", which refers to a unit cell and is based on 
examination of characteristic Bragg-type scattering, are sensitive directly to the long range-
atomic order.  The weakness of this approach is, that it is basically applicable exclusively to 
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crystalline materials without providing information on structural phases that do not show a 
long range order and do not contribute to Bragg scattering.  
(2) Analyses made in "real space", which provide information on the length and abundance of 
interatomic distances between pairs of atoms, is based on examination of the total scattering 
(this includes both characteristic Bragg reflections and diffuse scattering underneath the 
Bragg peaks) and, thus, in principle it provides information on every single atom present in 
the sample.  The problem is that there are no simple (straightforward) methods which would 
allow to link specific interatomic distances to different structural components of the sample 
[25, 34 - 36] (in our case: the core and the shell). 

 
 As a matter of fact, none of the above techniques alone is well suited for nano-
crystallography.  A positive and creative solution instead of a "challenge" is a combination of 
both approaches to minimize possible errors in evaluation of the atomic structure of 
nanocrystals, to use strength and minimize weak points of both techniques.  In this work we 
focused on examination of the reciprocal space methodology, namely on the analysis of the 
positions of Bragg-type intensities, which in the case of nanocrystals are dimension-
dependent quantities.  

 
The analysis of various core-shell models presented in this paper, which uses tools 

developed for reciprocal space analysis and refers to Bragg scattering, is an option for 
evaluation of real atomic structure of nanocrystalline materials.  However, we have to stress  
out that one may consider using this technique/methodology only when the parent structure of 
the sample is known and, then, that it is modified at the surface of the grain (which we call the 
“surface shell").   

 
There are, however, materials which parent structure is not known and in such cases 

there is no point in examination of the core-shell structure until one identifies its parent 
structure.  From what we showed in this paper, conventional tools like the Rietveld method 
should not be applied because the Bragg equation, which serves for description of the 
geommetry of the crystal lattice, does not work properly.  And even if we disregard this fact 
and accept a poor accuracy of determination of the lattice parameters, doing refinement of the 
structure which, due to very broad reflections, shows a "poorly characteristic pattern", might 
lead to an illusion:  due to coupling of various refinable (instrumental and sample-related) 
parameters one would not get a reliable model with reasonably small standard deviations of 
the "refined" structural parameters.  This is a very practical limitation.  What is still worse, 
application of the routine procedure of elaboration of diffraction data would definitely lead to 
a wrong grain model if the structure of a nanocrystal is non-uniform and shows a structure of 
the core-shell type.  In the case of such structure, of all the analytical methods of elaboration 
of diffraction data the best option is to apply PDF analysis which:  uses total scattered 
intensity, accounts for every single atom in the sample, and does not require any specific 
assumptions on the presence of long-range atomic order.  PDF methodology gives reliable, 
well reproducible interatomic distances, both for small and large grain polycrystals.  The 
problems with interpretation of the results of PDF analysis arise when one attempts to refer to 
a model used in conventional crystallography and, thus, assigns a single unit cell of a selected 
crystalline phase to represent the whole sample volume.  The same problem arises with the 
"real space Rietveld refinement" which refers to a given crystal phase [25, 34, 36].  At this 
point PDF analysis appears as little applicable as the Rietveld method:  when the model is  
inappropriate, then there is no chance for getting reliable structural information.  
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In this work we showed a good sensitivity of alp-Q plots to a presence of surface shell 
with the atomic arrangement similar to the parent structure in the grain core but with different 
length of interatomic distances.  One might argue that the model which we use is not physical 
and does not reflect the real structure of nanocrystals.  Indeed, this is a valid argument that we 
cannot ignore.  Moreover, we are aware of the problem and we fully agree with the 
argumentation.  The objection might concern the atomic distance discontinuity at the interface 
between the core and the shell.  We are, however, confident that from the point of view of 
diffraction experiments a modification of the model by implementing an intermediate region 
of continuously changing interatomic distances between the core and the shell (an extended 
surface shell) is not significant in the sense, that it cannot be verified in a powder diffraction 
experiment.  We have done a series of calculations of models with various functions 
describing a continuous change of the interatomic distances from the core to the surface shell:  
linear, exponential, and combinations of both.  The effect of implementing such modifications 
on the resulting diffraction patterns was similar to that of a corresponding model with a step-
like change of the interatomic distances and to the actual interatomic distances in the shell 
corresponding to the average distance calculated for an extended surface shell model.  This is 
not surprising since diffraction in general, and powder diffraction in particular, provides 
information on the atomic structure averaged over the sample volume.  One should not expect 
then that this technique will ever allow for examination of internal interfaces in crystalline 
grains.  It does not mean that one will never learn about the real atomic structure of the 
interface between the core and the shell, but that knowledge will not come from powder 
diffraction experiments.  Undoubtedly, the best method which one might think of is a 
structural analysis performed on a single nano-grain [39, 40].  This will certainly become a 
reality in an imaginable timescale, and it will come along with development of X-ray laser 
sources and the advantage of their brilliance and excellent coherence.  One should not forget 
about fast developing simulation methods which have an enormous progress potential for 
studies on nano-structures (virtual experiments) [41 - 46].  There is one big advantage of 
numerical simulations:  there are no principal limits of accuracy or resolution for such 
experiments.  From this point of view those experiments are designed to make virtual 
experiments on the atomic scale.  It does not mean that those experiments will substitute for 
real experiments like diffraction.  We believe that nanoscience should follow a clear path - a 
full consistence between real and virtual experiments.   
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