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Abstract

One of the key problems in "nanoscience" is desmrthe right experiments to
measure specific size-dependent physical propemigh is necessary to understand the
origin of differences in the properties betweenmaand larger crystals. Nanocrystal is a
unique "piece of material" with its individual at@mstructure and properties which are
closely related to its characteristic dimensionBlanoscience comes into picture when
properties of the material can no longer be desdrilising conventional tools, in particular
using relationships derived for ordinary materials.other words, we deal with nanoscience
when the property is clearly related to the smhbblracteristic dimension(s) of the object.
This statement is valid for any nano-property ahaterial and concerns also application of
diffraction methods.

Evaluation of powder diffractograms is usually dounsing standard numerical
procedures like the Rietveld program which is uk®drefinement of structural parameters
and provides satisfactory results for conventisizd- materials [1, 2]. However, all those
methods have an inherent limitation which followsnfi the fact that they are based on the
assumption that the sample structure can be sabsilg approximated by an infinite crystal
lattice and represented by a unit cell. A nanstedycannot be regarded as a single crystal
due to, (i), its limited dimensions, and (ii), aga fraction of atoms being associated with the
grain surface which has different environment thhe interior atoms. Because the
assumption of a uniform crystal structure of naraterals is not justified, application of
routine procedures of collection and elaboratiowiéfaction data has to be verified/revised
since it may lead to misinterpretation of the expents and to incorrect conclusions about
the atomic structure of the samples.

There is a variety of specific problems that migtidress diffraction structural studies
on nanocrystals, for instance: (i), what is thaawaystal basic crystallographic structure (in
its interior? average for the entire volume?), (What are the differences between similar
crystal phases present in nano- and micro- polyallyge samples (do those differences really



exist?), (iii), what lattice defects are presennanograins, and, finally, (iv), how to verify
whether the core-shell model of a nanocrystal igaly valid.

In this work we discuss only applicability of Braggattering to examination of
nanocrystals assuming that they have a non-unigtracture. We approximate this structure
by a commonly accepted core-shell model of nanagraiWe show that, for principal
reasons, the Bragg equation is not applicable ijréoc nanocrystals. We use the Bragg
relation through application of thapparent lattice parameteconcept which we use to
evaluate quantitatively the core-shell model. Wweows examples of an analysis of
experimental X-ray and neutron diffraction datadoh®n thealp methodology and on
theoretical patterns calculated for various comdishodels.

Introduction: nano- versus single-crystals

Numerous experiments showed that, in nano-cryseallphases, equilibrium
conditions are different than those in large vollsaeples of the same composition, and that
their physical properties deviate significantlyrfrahe bulk materials [3 - 9]. Since that is the
case, undoubtedly a nano-crystal cannot be regasigust a fragment of a larger size solid:
it is a unique piece of matter with the properspscific for this individual object. Referring
to thermodynamics one can establish a simple @itestating, that a given material becomes
"nano” when its thermodynamic parameters diffemftbose of the bulk due to diminution of
its dimensions [10 - 12]. It is a very clear sta¢at but it can be used rather as a practical
than rigorous criterion of distinction between namol non-nano materials: the difference, if
it exists, has to be large enough to be detectddjaantified experimentally. It is obvious
then that one of the key problems in "nanosciengefi designing appropriate experiments
which can serve for detection and precise measumsna specific materials parameters
associated directly with characteristic materiaheinsions. Note that we do not use the term
"size", which is very imprecise and should be agdid each individual grain has its own
shape, which can be described using just one diowerenly in the case of a spherical
particle. Then the issue of the "size dependentepecific properties has to be taken as a
"dimension dependence": for a given nano-graimetl@an be several characteristic nano-
dimensions and different properties associated @atth of them.

In contrast to larger crystals, in nanocrystalsgaicant fraction of atoms is located
at the surface. The surface of a crystal charfgesatal free energy of the grains, and may
have a strong effect on their overall propertigs: grains of several nm in diameter the
number of atoms associated with the surface is eomiyle to that in the grain interior.
Despite this obvious fact specific properties aiamaystals are discussed in the literature as a
function of the "grain size", i.e. as a functionagbarameter which, in fact, cannot be uniquely
defined and measured. Moreover, the environmenta ofianocrystal, i.e. its nearest
surrounding like species adsorbed at its surfacey hmve an additional effect on the
properties of the surface atoms and, thus, on tleeadl properties of the nanocrystalline
material [12 - 14].

1. The origin of the unique properties of nano-crysls

There is no doubt that there exists a close reldi@gween physical properties and the
atomic structure of materials, and that changematierials’ properties are often associated



with (and in fact originate from) corresponding has in the crystal structure. For
conventional crystalline materials it is commorassociate changes in their atomic structure
with changes in the lattice parameters. For namsteals, relationships between structural and
physical properties are much more complex sincesthecture of a nanocrystal cannot be
represented uniquely by a unit cell. That is theecbecause, (i), the size of a single grain is
comparable to that of the unit cell, and (ii), stsucture at the grain surface is different than
that in the bulk. Following the "spirit" of the fil@tion of nanocrystals [12] one can say, that
in practice nanoscience begins when propertiehi@fmaterial can no longer be described
using conventional tools, in particular using rielaships derived for ordinary materials. This
statement should be valid for any nano-propertymaterials, and it should also concern
application of diffraction methodology. As a matbé fact, typical problems which one faces
searching for experiments "adequate"” for nanocls/stad for proper methods of description
and elaboration of the experimental data are wathi@hstrated in diffraction experiments.

2. The primary purpose of structural studies on cngtalline materials - is it different
for nano-structures?

The primary purpose to study the structure of allise materials is to identify the
positions of individual atoms. The real value oéls studies is in knowledge about short- and
long-range interatomic potentials which decide loa formation of three-dimensional atomic
lattice and its behavior. The values of the lattgarameters measured under ambient
conditions reflect the potential minima. To deterthe shape of the potential curves, in situ
experiments under ambient and non-ambient conditieed to be done.

In principle, based on crystallographic data ona calculate internal energy and
describe equilibrium conditions of specific crykigtaphic phases under a given set of p-T
parameters. The internal energy of a crystal fisnation of the lattice parameters, thermal
expansion coefficient, and compressibility:

E=B+ ¢ (T,w)dT-vwc (Talc-p)dp, (1)
where

Cv - specific heat ¢, = f(gp/T), ¢b - Debye temperature),

¢ - compressibility,

a - thermal expansion coefficient,

Vo - frequency of the atomic vibrations,

p - hydrostatic pressure.

All the parameters required for calculation of theernal energy are based on the
measurements of the lattice parameters (I.p.)rntakexpansion coefficiens, is calculated
from |.p. measured at different temperatures; aeswbility,c, is determined from changes
of l.p. under hydrostatic pressure; Debye tempeeatp, can be determined from a change
in the atomic thermal vibrations with an increaséemperature [11, 15 - 17].

The problem which arises when studying nanocryssathat they have non-uniform
structure and, therefore, there are no unique sadli¢he lattice parameters which one could
associate with the sample. Consequently, neittermial expansion nor compressibility is
unique quantities for nanocrystalline materialsn this work we show examples of
experimental studies of the atomic structure ofocaystals done under ambient conditions,



but implications of the results of this work appligo to studies on materials behavior under
high pressures [18 - 20] and/or various temperatje - 22].

3. Powder diffraction on nanocrystals
3.1 Implications of using a routine procedure of pwder diffraction data elaboration
for nanomaterials

In a routine procedure of structural analysis afvantional polycrystalline materials
practically the only questions which one has tonenss to confirm that the examined sample
is a single or a mixture of several crystallograpphases and, if needed, to do structural
refinement, e.g. with application of a Rietveldimement software [7].

In crystals of dimensions measured in micrometend; a very small fraction of all
atoms reside at the surface therefore their effecthe diffraction patterns is insignificant;
the expected signal from the surface is outsidesémssitivity limit of even the best radiation
sources and instruments available. The situatorery different for nanocrystals with sizes
of about 10 - 20 nm, where the total number of atéonated at and near the surface becomes
comparable to the number of atoms in the grairriorte Since interatomic distances between
similar atoms may vary depending on the positioith® atoms in the grain (bulk vs. surface
positions), a single lattice parameter might beufiisent for characterization of nano-
structure. The relation between interatomic padésitand the atomic structure of
nanocrystals is therefore much more complex thafarger crystals. Thus the goals of
structural studies on nano-crystals have to be d@ated differently than those for poly-
crystalline materials with relatively large, micksize grains. Although the goals are
different the same experimental technique, powdléradtion, has to be used to study both
kinds of materials.

Whichever modification of the methods of elabonataf powder diffraction data is
used, one has always has to take into accountirff@mation derived from diffraction
experiments is always a volumetric average of Hrade. This is particularly important in
the case when the material consists of a varietydiwidual crystallites with different shapes,
sizes and lattice defects, including micro-strailmsthe case of nanocrystals there is one more
factor which makes the problem of interpretatiordiffraction data more complex: physical
and structural properties of nano-objects are dg®endent quantities and, in case of a
dispersion of grain sizes (a common situation watdl materials) the quantities derived from
the experiment cannot be associated with a singtertsion. This does not mean, however,
that studies on materials with grain size distidgmushould not be conducted, but only that the
results of examination of such materials shoultr&ated with caution.

3.2 Is Bragg scattering useful for examination of anocrystalline materials - general
remarks

For our analysis we do theoretical calculationetam the Debye equations:

N N
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where f and f are the atomic scattering factors of ikle andjth atom, respectivelyk =
4psinQ/l is the scattering vector, amgl is the distance between the atoms. For a given
material we build a model of grain with a givenrato structure and calculate theoretically
the diffraction pattern of such grains. The corepudiffractograms correspond to a kind of a
"perfect experiments”, free of any systematic ermasulting from the sample misalignment,
instrument imperfections, etc. that would requipedfic corrections for instrument and/or
sample geometry and sample properties (absorio®, shape, surface roughness, etc.).

Fig. 1 Unit cells and corresponding theoretical mtew diffraction patterns calculated for 3 nm diasret
spherical grains with a perfect crystal latticethre whole volume for Al, NaCl, andCs.

Considering applicability of the Bragg equation éxamination of the structure of
nanocrystals, it is useful to discern between ‘tppal’ and "practical” arguments. One of
simple practical arguments often used "against"liegtipn of Bragg scattering to
nanomaterials is that the intensity maxima are eoad due to a lack of extended coherence,
and therefore relatively few reflections are visif23 - 25]. This is only a technical problem,
not an important, solid argument against the usenethods based on Bragg scattering for
structural analysis of nanocrystals. Practicabf@ms with elaboration of the diffraction data
of nanocrystals are demonstrated/illustrated in Eigvhich shows theoretical diffraction
patterns of three cubic structures with differeattide parameters. For aluminum with the
unit cell of only 0.4 nm in size, the individuaflextions are well visible and separated from
each other. This kind of data can be elaborateddn ordinary powder diffraction pattern.
Indeed, with an increase in the unit cell dimensitine overlap of individual reflections
makes the pattern less readable. However, if tiieeescattered intensity belongs to Bragg
reflections the diffraction data might, in prin@pbe fully useful and give a good chance for a
successful elaboration. We have to stress outtieaé are no principal limitations to using
programs like Rietveld’s that would prohibit itspdipation to moderately-broad reflections.

An important argument which really might disqualidynventional Bragg approach is,
that for nanocrystals Bragg reflections containyoal part of the scattered intensity and
examination of only a part of the sample volum@aigoo insufficient to deduce about its real



structure [25]. On the other hand, if the wholmgke volume contributes to Bragg scattering,
like in the patterns shown in Fig. 1, then theradsprincipal argument which would exclude
Bragg scattering as a base for examination of ngstalline materials through structure
refinement procedure. This, again, leads us t@rg practical problem: how to discern
between diffuse-like features in the pattern whigtong to the Bragg scattering and those
that come from the parts of the sample which doshoiv any long range order and therefore
do not scatter coherently? This is a common probidich one always faces, and it has to
be considered individually for each material. Tikigot a kind of a principal argument which
would disqualify an analysis based on measurenwdridsagg reflections.

There is only one principal argument which bringsw the question of a usefulness
of the Bragg scattering/equation as a tool for amation of nanocrystalline materials: does
Bragg scattering describe quantitatively scatteomgvery small grains, about 10 - 20 nm
across and smaller? We discuss this problem below.

3.3 Diffraction on a small single crystal with a peect crystal lattice. How does the
Lattice Parameter become the apparent lattice parametér

Evaluation of powder diffractograms is usually dounsing standard numerical
procedures which serve for refinement of specificameters of already known structure and
provide satisfactory results for conventional-sinaterials. All such methods have an
inherent limitation which follows from the fact théey are based on the assumption that the
material under examination forms an ideal, infiléétice well represented by a unit cell.
Only diffraction on such lattice can indeed be aately described by the Bragg equation. In
such cases, by measuring the positions of individklareflections alone, without regard to
their intensities, the lattice parameters of sugfstals can be accurately determined. The
situation is different for nanocrystals.

Starting with the basics: "nano- " is not "a smalingle crystal

The term "nano-crystal” is somewhat unfortunateabse it is often understood and
interpreted as: “ ‘nano’ means a single crystahwiano-dimension”. This interpretation is
incorrect - for principal reasons:
according to the original definition, a crystal (vedten use the term "single crystal)
constitutes a lattice which is an array of pointspace (each point representing a single atom
or a group of atoms), each having identical envitent. The lattice which meets this
condition can indeed be represented by a unit Celle key property of the unit cell is that it
characterizes the entire sample volume indeperufethie crystal size. The condition of the
same environment for each lattice point is defipiteot met by a crystal of dimensions as
small as only several or several tens times lathan a single unit cell. The atoms
terminating a crystal have different environmerarthhose in the bulk. This factor is of a
little importance and is negligible when the samigldig enough and the number of such
"odd atoms" (at the surface) is insignificant inmg@arison with the total number of atoms in
the particle. It is different in samples with dinsé®ons measured in nanometers, where the
number of atoms associated with and forming théasarmight be comparable with those in
the interior of the grain. That leads immediat®lyhe conclusion that nano-crystal cannot be
regarded as a single crystal. For that reasoreatoshould be obvious that the methods of
elaboration of diffraction data which were develdger the analysis of single crystals may
not apply to nano-crystals: one may not apply mes$hserving for refinement of a parameter
before the model to which it is applicable and vkhis to be refined is known. What we



urgently need is a model of a nanocryst&@lthough all the above is obvious to anyone who
pays attention to definitions, only a few use #riswledge in practice.

Bragg equation does not work for "nano"!

Elaboration of theoretical diffraction patternsatddted for models of nanocrystals
with dimensions up to several tens of nanometedshaving a perfect crystal lattice show,
that the lattice parameters used for building thedeh are not reproduced by back-
calculations of the lattice parameters from theitmos of the reflections of the theoretical
pattern [26 - 30]. This problem is illustratedrig. 2 which shows the results of "refinement”
of the theoretical diffraction pattern of a 3 nmgkhin with a perfect crystal lattice; in this
case we treat the theoretical patterns like anéaxgental data” and refine-back the structure
of the model used for calculating the patterns.

The patterns were elaborated using the Rietveld BBWogram with symmetric,

pseudo-Voight shape function. The program minisittee quantity
2

Sy = (yl yYu) , (3)
where y and y; are observed (gross) and calculated, respectivegnsities at théth count
[2]. The program selects such a calculated difivacpattern that provides the closest fit
(minimum §) to the experimental data. Here thanyensities are those calculated for our
model, while y; values are the ones calculated by the Rietveldrpro for the Al unit cell.
Our main focus is on the value of the lattice patencalculated by the Rietveld program.
Among global parameters which are implementedénpitogram we examined only the effect
of zero-shift (2) on the calculated lattice parameter.



Fig. 2 Theoretical powder diffraction patterns amgputed for 3 nm Al crystal (solid line), the
corresponding patterns calculated by the RietvBIE\WWS) program (dotted line), and their differential
(dashed line): (a), zero shift, z 0; (b), released ('refined") zero-shift. Fiammeters: R pattern factor;
Rup, Weighted pattern factor; Rexpected factor. Lattice parameter of the maglel 0.4049 nm.

The results of the "refinement” obtained with fixadd released (as a refinable
parameter) zero-shift are shown in Figs. 2a andrédpectively. Since our starting pattern
corresponds to a "perfect experiment”, one woufteekthat a proper optimization algorithm
should reproduce the lattice parameter of the model seen in Figs. 2a and 2b, apparently
the Rietveld program makes corrections that "adjegperimental results to the unit cell
(which itself is the reference model implementedha program). The differences between
the "experimental® and "optimized" curves are qutdstantial and very similar for both
zero-shift cases. The calculated lattice parammetey very different from the real value used
in the model, larger when zero-shift is set to zanol smaller when zero-shift is set as a
variable. Obviously the applied elaboration metigdot properly responsive with respect to
determination of the lattice parameter of the saniplthe sense, that its specific calculated
value is dependent on other refinable parametétere we allowed only zero-shift to be
"refined"” (in addition to the lattice parameterjlaset other parameters at constant values. In
a real experiment one needs to optimize the remgmprocedure and account for a variety of
refinable instrumental parameters (like the sandplacement, beam divergence, etc.) and
structural parameters (like site occupancy, lattieects, atomic thermal vibrations, etc.), all
of which are very strongly coupled with each oth&his coupling becomes stronger with an
increase in broadening of the Bragg peaks. Cogplith the lattice parameters has an
obvious effect on the calculated values. Thigafrse, practically disqualifies a direct use of
Rietveld refinement method for examination of nagstals.

As a matter of fact the, failure to reproduce [téce parameter does not invalidate
the Rietveld program itself. The origin of theldae of a successful refinement of the lattice
parameter is in the fact that the Bragg equaticasdwt apply to small crystals.

How to "safely” use the Bragg equation - to malgtilit useable for nanocrystals?



Fig. 3 Dependence of the alpfatio on the diffraction vector calculated for AlaCl and ¥O; spherical
grains with 3 nm (open circles) and 5 nm (solictleis) diameter. The arrowed lines below the akssis
show the Q-ranges used to compute individual alpesawith the DBWS Rietveld program, isathe lattice
parameter of the model grain.

Limitation of application of the Bragg equationiano-pattern is obvious when one
calculates the values of the lattice parametermitividual reflections. We did that based on
the theoretical diffractograms for Al, NaCl, angOg nanograins. Because there is always an
overlap of Bragg reflections, particularly strorgy fY>,O3 which has very large unit cell,
instead of deriving positions and associate latpegameters for every individual Bragg
reflection we used the Rietveld program for theneghent of the lattice parameters using
groups of sequential reflections occurring in snrakrvals of the diffraction vector Q and let
the lattice parametex to be refined. The same procedure was applied tbree materials.
The lattice parameters derived for individual refilens or groups of reflections we call the
apparent lattice parameters, al@7 - 29]; for groups of reflections the calceltlattice
parameter was assigned to the center of the Quaitelfo presenalp-Q relations we use the
relative values oélp/ap, wherea is the lattice parameter of the bulk single criystanple.
The results of this analysis are shown in Fig. @ earry a clear message: the value of the
calculated lattice parameter depends on the spe@ifue of the diffraction vector Q. In other
words, the lattice parameters calculated for naysbals from a diffraction experiment do not
have a unique meaning (as they do for standardatiige materials) but are a kind of a
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variable. Fig. 3 shows also that the specific shapthe dependence afp/ag on Q is
associated with the grain dimensions, and thatpedds also on the specific crystal structure.

For the simplest of the three structures, Al, ah#a, value decreases monotonically
with increasing Q to nearly a unity at Q10, with some deviation on the order of 0.01 -
0.02% at Q = 15 A the deviation being larger for the smaller graiSomewhat more
complex relation is observed for,®; for which thealp/ap ratio reaches unity at several
different Q-values and, for smaller grains, itsueakven drops below unity at the largest Q
(which is obviously a shortcoming of the softwarbietr does not work well for a large
number of strongly overlapping very broad reflecsip

The calculated values of tia@parent lattice parameteie larger than the real values
of the lattice parameter of the model used. Thatlts from shifts of the positions of the
Bragg peaks towards smaller Q’s than those correBpg to the perfect crystal lattice.
Those shifts are understandable on the groundeo§émeral theory of diffraction: they are
caused by the short length of the Fourier series the row of atoms in the direction normal
to thehkl plane (in other words, it is due to the finiteestf the scattered object) [15, 31]. As
a consequence the Bragg equation, which descriséandes between hypothetical atomic
planes in the crystal lattice, does not apply toorsize grains where the long-range atomic
order is limited by the size of the crystallite asadsmaller than the coherence length of the
scattered beam.

The departure of Bragg peaks from their "properSigimns is a function of the
crystallite dimension in the direction normal toetiplane, thus for crystallites with an
anisotropic shape the shifts of individual refleos are different than for spherical grains
[29]. That, in principle, makes it possible to ded the grain dimensions and shape fedpa
Q plots, but here we do not discuss this poinhimrin this paper.

Figure 3 shows an important propertyat-Q plots: alp values calculated for small-
Q reflections are larger than the real values efléttice parameter, and thgps calculated
for large-Q reflections tend to reach the real @alfithe lattice parameter of the model, even
for very small grains. This shows that if a nangtajwas a small single crystal with a perfect
lattice, one could determine the real values of ldiice parameters of the structure by
measuring Bragg reflections at very large Q valué¢towever, a conventional diffraction
experiment performed in an X-ray laboratory usingd® MoKa radiation yields diffraction
data up to a maximum Q of only about 6 and I2rdspectively, where alilp values are
larger than the real value of the lattice parameter

All the above considerations lead to the concluslat even if a nanocrystal had a
uniform structure with a perfect crystal lattice rautine application of powder diffraction
technique using best laboratory X-ray radiationreses would not provide information on the
real lattice parameter of the nanocrystal: thdyalways be overestimated.

4. Special features o&lp-Q dependence for nano-crystals with the fcc struate
4.1  Deformation of the cubic lattice: elongationri the [111] direction

The effect of the grain dimension on the positiohBragg peaks presented in Section
3 is relatively simple for a cubic lattice, sinceeoneeds to examine only one lattice
parameter. We showed that spediiip-Q relationships depend on the atomic structutbef
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nanocrystal, Fig. 3. In this work we chose onestg a cubic structure, fcc, to examine in
detail application o&lp-Q relationships for examination of core-shell msd# nanocrystals.
Below we present an analysis @p-Q dependencies based on various models of diamond
nanocrystals. Although it is obvious that the atostructure of a nanocrystal must be
different from that of a large volume sample of #ame material, the differences might be
very small and difficult to evaluate. Thereforee wiscuss first some specific structural
properties of the fcc structure (of diamond, Si@d ather isotypical structures) which are
important for a unique interpretation of the diffian data.

4.2  Diamond: a relationship between cubic and trignal lattices

Experiments show that nano-materials with the gasebic structure of fcc (diamond,
SiC, GaN, ZnS, etc.) often contain stacking faulbsch cause local disturbance of the cubic
type layer stacking ...ABCABC... . For instancesiagle twin-like stacking fault leads to
conversion of ABC into CBA stacking: .... ABCAB BACBA... [32, 33]. In real materials
the effect always associated with stacking fasltshat the ratio of interatomic distance in the
hexagonal planes and of the interplanar distanw@), (deviates from its perfect value of
0.8165 (for fcc cubic structure). Even a smallrgdeinc/aratio causes that the structure is
no longer cubic and the symmetry of the structarehanged from cubic to trigonal. As a
consequence, the original cubic Bragg reflectiquig. s In practice this effect can be easily
overlooked in a diffraction experiment of a nanatay, which makes evaluation of its real
structure even more difficult.C/a ratio can be measured accurately in ordinary ahyse
materials. In small crystallites, due to size-lok@ng of the Bragg lines, the split may be
overlooked and the Bragg reflections may still Idiak single reflections. If this is the real
case, then what one really measures in the expetriara calculates based on the measured
positions of the Bragg reflections is not the cuhitice parameteig, but a cube root of the
volume of a deformed cubic unit cell (a trigonaltwell). As there is often an uncertainty
concerning the reat/a ratio of the examined nano-samples, for the Rtg@rameters
determined experimentally we suggest the use of tdien 'Equivalent Cubic lattice
parametet, EClp, instead of the cubic lattice parametat;" for the non-deformed cubic
lattice EClp is equal to the cubic lattice parameder Explanation of the origin dClp is
illustrated in Fig. 4.

Fig. 4 Relationship between the cubic and trigdattice parameters of the diamond latticey ,p\ - volume
of the cubic unit cell, ; - volume of the trigonal unit cellacusidequiv- €quivalent cubic lattice parameter,
EClp, of the cubic unit cell elongated in the [1Hljection.
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Fig. 5 Effect of a change of (c/a) ratio on alppi@ts for diamond of 5 nm in the grain diamete), (t/a)
ratio of the cubic structure; (2), (c/a) ratio ireased by 0.2%; (3), (c/a) ratio increased by 0.4%bove the
plot: corresponding Bragg reflections in the Q ganof 24.3-25.3 Asee the arrow).

Fig. 6 Effect of a change in (c/a) ratio on alpp@ts for diamond of 10 nm in the grain diametét), (c/a)
ratio of the cubic structure; (2), (c/a) ratio ireased by 0.2%; (3), (c/a) ratio increased by 0.48hove the
plot: corresponding Bragg reflections in the Q ganof 24.3-25.3 Asee the arrow).
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Note: Examination of theoretical alp-Q plots pretesl in this work is based on diffraction
patterns calculated for the diamond structure fdrich the individual reflections are well
separated. Therefore one can measure positiomglofidual reflections separately and up to
large Q’s. For practical reasons, because of armmonced diffuse scattering which does
belong to Bragg scattering but cannot be uniquagoziated with individual reflections, to
determine positions of individual peaks we fit #h@pe of the upper half of the reflections
and determine the maximum of this profile to caltablp values. In the general case, for
lattices with complex structures and, thus, oveslag reflections, it is recommended to
calculate individuahlp values for Q intervals, as illustrated in Fig. 3.

Figs. 5 and 6 show theoreticalp-Q plots obtained for three models with the same
layer stacking and the same interatomic distanceébd hexagonal plane (the same trigonal
parameten). In model (1) theq/a) ratio is equal to that of the cubic fcc lattioe(2) and (3)
the interplanar spacing (trigonal paramefewas increased by 0.02 and 0.04%, respectively.
The equivalent cubic lattice parametde§lp's, of curves 2 and 3 are larger than that in the
cubic diamond lattice by 0.0065 and 0.013%, respalgt The values OECIp's are drawn in
Figs. 5 and 6 as reference lines.

All curves in Figs. 5 and 6 show a similar chargstie increase iralp values with a
decrease in Q, which originates from the smallmgcamensions (c.f. Section 3). It does not
depend on thec(a) ratio. From about Q = 10Aa decrease ialp is observed and trap/a
values drop below the correspondia@lp line. The origin of this "drop” odlp belowEClp
at larger Q's lies in the split of the (originaiphgle Bragg reflections of the cubic structure
into trigonal reflections. Such split is clearligible at the largest Q reflections in Fig. 6 for
the model (model (2)), where only the asymmetrihefpeaks is visible and the split peaks do
not show on the patterns of 5 nm sample at all, &ig This demonstrates that even if one
observes a presence of only cubic Bragg peaks,rthiglgt be not true singular peaks but a
combination of the intensity maxima of a set ofadtions from the trigonal structure. For
very strongly deformed cubic lattice;/4) larger by 0.4%, due to a shift of trigonal peaks
towards smaller Q’s the maximum no longer corredgoto the weighed position of all
trigonal reflections but, rather, to the strongestection of the trigonal peaks set. This is the
real reason why smallatp values are found for large Q reflections.

4.3  The effect of a presence of stacking faults witsimultaneous deformation of the
cubic lattice

A presence of stacking faults without affecting {b&) ratio of the cubic structure
leads to broadening of the Bragg reflections withchanging their positions. However, an
appearance of a stacking fault together with a gban €/a) has a very strong effect on the
alp-Q plots, Fig. 7. This combined effect causes thatreflections become asymmetrical,
with their tails extending towards smaller Q, t@wards larger interplanar spacings. What
one actually measures is the maximum intensity wigcshifted towards larger Q values. As
a result, all values oalp calculated for peak maxima are smaller than theah&Clp
corresponding to the real structure of the nandalybere: the model for which the pattern
was calculated). This effect is demonstrated @ Fiwhich shows peak shapes calculated for
models with various ¢fa) values. Since individual cubic Bragg peaks shdiferent
dependence (sensitivity) on changes of the layarkstg [32] and on a change it/d) ratio,
they shift differently relative to the referencebaureflections. For instance, the cubic
reflection (400) corresponds to a single trigoreflection (20-4) and its position does not
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depend on the layer stacking; the cubic reflec{®80) splits into two trigonal reflections,
(238) and (330), the positions of which overlapor Buch reflections the peak maxima
overlap and their weighted positions are roughtiependent of the actual layer stacking. For
reflections with a strong split (see the peak shap€ = 24.9 A& in Figs. 6 and 7) the
measuredlps correspond to the strongest peaks. dlps corresponding to these maxima
are at larger Q, thus they correspond to smdllealues than the interlayer spacing derived
from the weighted position of the group of trigopalaks split from the parent reflection of
undistorted cubic lattice. As a resudtp values calculated for individual reflections shaw
strong "scatter" (Fig. 7) and form two groups ofleetions. One group is affected by a
presence of stacking faults (smalédps) the others is not. The latter forms the grough w
higheralp values and resembles the relation obtained wehbdel w/o stacking faults (c.f.
Fig. 6).

Fig. 7 The effect of stacking faults on alp-Q pfots10 nm diamond grain containing one stackingjtfa
and: (1), (c/a) ratio equal to that of the cubtcucture; (2), (c/a) ratio increased by 0.2%; (&)/a) ratio
increased by 0.4%Above the plot: Bragg reflections of a perfect cutismond 10 nm grain (solid line) and
of a similar grain containing one stacking faultdagt/a) ratio increased by 0.4% (dotted line).

The results of our theoretical calculations of faterns of models with stacking
faults and different/a) ratios presented above show an "idealized" reptesion of the
effects which may influence an interpretation dfrection patterns of nanocrystals with fcc
structure. Our calculations correspond to a unlgpegfect experiment”, where the shape of
the diffraction lines is purely Gaussian with theelwidths reflecting the finite dimension of
the nanocrystal. In practice the situation is mowre complex since in real materials there
is always a distribution of crystallite dimensioasd one has to account for instrumental
(experimental) factors which have an effect oflthes profiles and positions. In general, all
of those factors cause a further "averaging" ofdiffeaction image of the examined samples.
In the cases discussed above one would not evears@®ication of a split of individual
(originally cubic) Bragg reflections and would padity not even notice an asymmetry of the
reflections. However, although the specific shapthe diffraction pattern can change very
much under different experimental conditions, therac ordering in the sample which
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decides on distribution of the diffracted intensdiways hold and the intensity maxima
remain quite at the same positions. Therefore ‘eémcthat the analysis based on
determination of thapparent lattice parameteis reliable.

5. When nanocrystal is not just a small single cryal....

A widely accepted tentative model of a nanocrystiaich we consider here is a core-
shell model where the core has a well defined atystructure while the shell has the
structure different than the core but closely egatio it. Considering such model one has to
revise the definition of the "characteristic dimens$ of a nanocrystal: the surface always has
a certain thickness which has to be specified amdwshould be considered as an additional
characteristic dimension. For this reason an egpdin of the term "size" to even spherical
nanograins is somewhat ambiguous. The actual gdiydimension of a nanocrystal, which is
commonly used as "characteristic dimension”, i¢art the diameter of the grain core plus
twice the surface shell thickness. From this pofntiew, considering a core-shell model of a
nanocrystal one needs to determine two "charatitedgnensions™: its physical dimension
and the thickness of the surface shell.

From examination of Bragg diffraction one may leamly about this part of the
sample volume which contributes to coherent sdager If the surface atoms remain in a
coherent relationship with the core of the grainhage a chance to learn about the core-shell
structure of the grain. When the surface shellssi® of a gas-like or amorphous phase,
information on the surface is not contained in Bragg scattering. In such a case the
nanocrystal should be considered as a small siogstal, perfect single crystal models
examined in Section 4 apply. Below we examine n®dénanocrystals where the surface
shell atoms scatter coherently with the grain core.

The first problem that one faces when selectingpdehis that it has to be adequate to
the applied diffraction techniques, which meang thguantitative description of the model
could be verified experimentally with applicatioheopredetermined data elaboration method.
The model has to be relatively simple and it hadvdopossible to define it with a small
number of parameters. The fia$sumption that we make is that the grain coreahaerfect
crystal lattice. The second that the surface shell continues the schenmarahgement of
atoms in the core._ The thimssumption is, that all inter-atomic distanceshia shell are
shorter or longer than those in the core (the whtdenic shell is either expanded or shrunk
isotropically relative to the core). In real madés the change of interatomic distances
between the core and the shell never occurs aprupllhere is a very broad field for
speculations how the change for specific matedakss occur. Definitely powder diffraction
is not a good tool for studying this problem. Tdfere, without pretending to examine
interfaces between the core and the shell, we lmit considerations to a model where the
inter-atomic distances between core and shell deeid change their length abruptly. A
scheme of a tentative core-shell model is presemtelfig. 8. The parameters which
characterize the model are:

2R - grain diameter,
S - thickness of the surface shell,
(Dr/r)sheln - relative (to the grain core) change of the mtemic distances in the shell.
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Note: in our earlier papers [18 - 20] we called t&/r)shen parameter a "surface strain”,
which appeared misleading to some readers, sdoagot call it "strain” any longer.

Additional parameters which characterize our mode¢sthose related to the atomic
lattice of the parent structure (i.e. that of tlhee} like stacking faults, strains, etc., which we
discussed in the previous Sections.

Fig. 8 Two-dimensional nano-crystal with a corelslstructure; (a), Change of interatomic distanceto
r; between pairs of atoms within the grain resulfirign an increase in the interatomic distances i th

surface shell: @sner= (% + Or1); (b), Change of the average value of inter-amdistances, from the

shortest (f) to the longest ¢) distance along the x-axig}/r% = 5%.

Fig. 8 shows a two-dimensional nano-model wherdhloness of the surface shell is
equal to that of the shortest interatomic distamce In all pairs of atoms present in the shell
this distance is changed By, (r1) shen = (f% + Dr). The largest interatomic distance in the
grain (which corresponds to the grain diametenfri)sax= 2R = 0" r%. Along the x-axis the
distance®; repeats itself n times, and larger distancesem®dbundant; & n - ¢i/r%). Two
of ny distances of; are changed bRr, and an average distanceriga(erage= (N’ r% + 2Dr)/ni.
This relationship is presented in Fig. 8a and shthas the average values of the shortest,
<r;>, and the longest distancexrshow the largest deviations from the relatetadises in
the bulk crystal. The distances which are closthéograin diameter deviate the least from
their bulk values. Similar relationship holds 8dimensional nanocrystal with the core-shell
structure, Fig. 9. Note: the inter-atomic distance functions (IDs) whd in Fig. 9 were
obtained for the models where the positions ofviddial atoms were distributed about their
static lattice sites following the Gaussian funotisvith the half-width of the assumed
amplitude of thermal vibrations of 0.1 A; this hmology approximates (simulates) the
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effect of thermal vibrations of the individual atemvhich allows to convert the ID plot into a
smooth curve [21, 22).

Fig. 9 Change of interatomic distances calculdt@da model of 5 nm diamond nanograin with a perémbic
lattice, and for a similar model with 0.3 nm thilkrface shell, within which the interatomic distesare
smaller by 5% relative to the grain core. (a) Irt®mic distance function calculated for the mog€ls)
Decrease in r-values with an increase in their mng(c) Relative change in the average r-valugban
increase in their length.

A diffraction experiment provides information avgeal over the whole sample
volume and thus yields average interatomic distameehe sample [34 - 37]. It should be
possible to obtain relationships like that presgnteFig. 9 from the experimental data by
PDF analysis. In principle, experimental determoraof such relationships is possible but
requires a very accurate determination of the 4atemic distances up to the grain diameter.
It is realistic to get such relationships for vemall, a few nanometer diameter nanocrystals.
A preliminary evaluation of the results of PDF as#& which we made using NPDF
diffraction data (at LANSCE, Los Alamos) for 5 nmnodiamonds shows that indeed the
deviation of the average r-values from those ofrdierence diamond lattice decrease with an
increase in interatomic distance. However, thedewe is too weak (to give enough
confidence) to be presented in this paper.

Although possible in principle, our goal is not establishing relations (analytical
functions) which would link the effect of the suréashell to relative changes of individual
inter-atomic distances. We chose an alternatecappr we transpose changes of r-values in
real space into reciprocal space and describe themterplanar spacings d. As a matter of
fact, a full relationship between interatomic digtas and diffraction pattern is contained in
the Debye formula, and we apply this relationshigxamine the core-shell model. In other
words, we evaluate the effects of changes in tlerage values of interatomic distances
through examination of the Bragg scattering. Spmadly, we base our analysis on tap-Q
plots calculated for models of nanocrystals witffetiént surface shell structures and compare
them to our experimental diffraction data. Theioggtcalculations presented in the following
sections were performed for diamond nanocrystals.

The position of a Bragg reflection which correspoial a given interplanar spacidg
is a complex function of the inter-atomic distangeshe lattice, i.e. of the atoms occupying
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the lattice planéhkl and those in the direction normal to this plarihe Bragg reflections
occurring at small diffraction vectors (those witkv Miller indices) correspond to (originate
from) interplanar spacings of the lattice planescivlare most densely packed by atoms and,
thus, provide information on relatively short irgymic distances in the sample. Positions of
these reflections are influenced mainly by reldyidarge deviations of the actual average
values from those of the shortest interatomic dista in the reference perfect lattice.

The lattice planes corresponding to smatlevalues (those with largdikl values,
which occur at larger diffraction vectors) are fedn(filled) by more and more distant atoms
(density of packing the planes with atoms gets kemaand the average distance between
these atoms gets closer to that in the grain dege,9c. Consequently, the positions of the
corresponding Bragg reflections are less affecied presence of the surface shell. The shift
of the Bragg peak positions towards smaller ordadgspacings follows the sign obX/r)snei
in the shell. Fig. 9c shows that the surface dhedl the smallest effect on change in those
average values of interatomic distances which spoed to ~half of the grain diameter.
Since average values of all interatomic distancesaffected by a presence of surface shell,
all d-values determined from Bragg reflections have ¢odifferent from that of a perfect
crystal lattice of the grain core. This effectweaker for larger grains but it is always
there. This shows that the lattice parameter ofciwe, even when it comprises a perfect
crystal lattice (like in the assumed model) canbet directly determined from Bragg
reflections measured in a diffraction experiment.

In the following sections we examinalp-Q plots of a series of models of
nanocrystalline diamond with 5 and 10 nm grains different thickness and structure of the
surface shell.

5.1 Models with a small change of the surface shedtructure relative to the core:
(D/r)shell =-1%

Fig. 10 Theoretical alp-Q plots of a model of 5 dimmond grain. Interatomic distances in the scefahell
with thickness of 0.15 and 0.3 nm (surface costaihand 32% of the total number of atoms in tlaéngr
respectively) are smaller by 1% than those in e c
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Fig. 11 Theoretical alp-Q plots of a model of 10 diamond grain. Interatomic distances in the acefshell
with thickness of 0.3 and 0.5 nm (surface contaihand 27% of the total number of atoms in thergrai
respectively) are smaller by 1% than those in thvec

Figs. 10 and 11 illustrate the sensitivityadp-Q plots to a relatively small change in
interatomic distances in the shell with respecth® core. The increase in thfp values at
smaller Q's is due to the finite size of the graif®@milar behavior of the plots is observed
independent of inter-atomic distances in the shBéginning from Q of about 8 - 10%the
alp is constant, until it starts to decrease at Qboiua 15 A' for 5 nm and 25 A for 10 nm
grain. We believe that this decrease indlgvalues at larger Q’s is related to the increased
effect of the surface atoms on the average valties;® for r's larger than the grain radius,
Fig. 9. The beginning of the decreasalimis at lower Q for the smaller grain (ab®.45 A)
and larger for the larger grain (abd.23 A), which conforms to an increase bn/t) when r
is larger than the grain radius, Figs. 8 and %tiGe 3.3.

It is worth noticing that the shapes of the plais dtructures with different thickness
of the shell (different percentage of the surfawers) are nearly identical. The only evident
effect of a presence of a reduced interatomic ndgtan the shell is a parallel shift (offset) of
the alp plot towards smallealp values. Up to Q of about 15%here is no indication of a
presence of the core-shell structure (the overaps of the plot is retained) and only the
decrease ialp at larger Q is an indication of a presence ofsttal.

A simple and important conclusion results from thieove examples: without
knowing that thealp-Q plots in Figs. 10 and 11 were calculated fooee<shell model, one
might interpret thealp-Q plots as corresponding to nanocrystals withréepecrystal lattice
in the whole volume but with smaller lattice paraenehan that of a bulk crystal sample. In
other words, for materials with a very small chaofénteratomic distances at the surface a
presence of surface shell may be easily overlooked.

5.2  Models with a large change in the surface shedtructure: (Dr/r)shen = -5%

The next two graphs show the results of our calmra for 5 and 10 nm grain models
with the same percentage of atoms in the core arfidce shell for differentD/r)shen Values.
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Fig. 12 Effect of the surface shell: theoretiaki-Q plots of a model of 5 nm diamond grain vintieratomic
distances in the surface shell (0.3 nm thick, 328fma in the shell) smaller by 1, 3, and 5% thart thahe core.
Above the plot: representation of Bragg reflectiafi the three models at different Q intervals.

For 5 nm grain with an increase r{r)snei from 1 to 3 % the shape of thgp-Q plot
changes only a little, but the change in the shiapthe 5% model is substantial, Fig. 12. The
reason for an increase afp values (note that they are calculated from thesupyalf of the
peaks, Section 3) with an increase in Q is, thatcttherence between the core and the surface
atoms gets weaker for larger interatomic distar(sesaller d-values) and contribution of
scattering from the most outer atoms to the Braggjtering decreases. This effect is
demonstrated in the upper plot in Fig. 12 showimnfpange in relative shift between the peaks
obtained for different models.
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Fig. 13 Effect of the surface shell: theoretiakd-Q plots of a model of 10 nm diamond grain \itleratomic
distances in the surface shell (0.5 nm thick, 278fma in the shell) smaller by 1, 3, and 5% thart thahe core.
Above the plot: representation of Bragg reflectiafi the three models at different Q intervals.

Similar consideration applies to 10 nm grain, Big, but here the effect of weakening
of coherence between the core and the shell a®msich more evident: for the model with
the interatomic distance in the shell smaller by, B%ter the initial strong drop at smaller Q
thealp values reach nearly the value of the lattice patanof the grain core. For this model
we observe an additional effect related to thektbiarface shell: the atoms of the shell scatter
coherently with each other, which is reflectedha appearance of small intensity maxima on
the right hand side of the "main” Bragg reflectidtiee upper part of Fig. 13). The small peak
appears in the low Q-range (i), becomes less prwexlin the mid-range (ii), and disappears
at very large Q, where scattering from the suraoens contributes only to diffuse scattering
underneath the Bragg peaks (iii).

5.3  The effect of an increasing content of the swate atoms for Dr/r) spei = -5%
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Fig. 14 Effect of the shell thickness: theaadtalp-Q plots of a model of 5 nm diamond graithwi
interatomic distances in the surface shell (0.18,dahd 0.5 nm thick, corresponding to 17, 32, ad%Df all
atoms in the surface shell, respectively) smaleb% than that in the grain core. Above the pl@), relative
changes of r-values averaged over the whole grainme for 0.5 nm thick shell, and (b), Bragg retfilens for

three models at different Q ranges.
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Fig. 15 The effect of the shell thickness: thtcakalp-Q plots of a model of 10 nm diamond graith
interatomic distances in the surface shell (0.8,dhd 1.0 nm thick, corresponding to 17, 27, anth% all
atoms in the surface shell, respectively) smaleb¥% than those in the grain core. Above the bt relative
changes of r-values averaged over the whole grainme for 1.0 nm thick shell, and (b), Bragg retats for
three models at different Q ranges.

The alp-Q plots of 5 and 10 nm grains shown in Figs. 1d &% exhibit similarities
but also clear differences related to differentrdistion of relative changes of the average
values ofr's, from the shortest to the largest values Figk. 8 and 9.

A large (5%) difference between interatomic diseant the surface shell relative to
the core causes that the coherence between thamdurface atoms weakens very fast with
an increase in the interatomic distamce This effect is much stronger in the larger grain
coherence of the atoms located in the center ofthm with the surface atom weakens with
the grain radius and, thus, it is much weaker @Xf nm than 5 nm grain. Figs. 14 and 15
show that although in both models the average vaifltliee shortest interatomic distance is the
same, the distributions of changes for largerare very different: in the 5 nm grain all
interatomic distances are shorter by at least (fr@¥h those in single crystalline diamond,
even for the smallest deviations from the core evdlor the distances of about the grain
radius, while in 10 nm grain the distances on tfeeoof the grain radius are very close to
sthose in the diamond lattice, c.f. Fig. 9. Fomb®grain thealp values at Q of about 15"A
reproduce reasonably well the lattice parametethefgrain core, for 5 nm grain tlap
values are smaller than the lattice parametereofthin by about 0.03 to 0.15%, Fig. 14. The
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top graphs in Figs. 14 and 15 illustrate differeviblution of Bragg reflections of 5 and 10 nm
models with an increase in the thickness of théasarshell.

Fig. 16 Theoretical alp-Q plots of a model ofri@ diamond grain with interatomic distances in sheface
shell (0.3, 0.5, and 1.0 nm thick) larger by 5%thlaose in the grain core.

All our considerations about the effects of thefawe shell thickness and shorter
interatomic distances in the shell alp-Q plots are valid also for similar models but wiitie
interatomic distances in the shell not smaller loager than those in the core. The plots
similar to Fig. 15 but with an expanded latticetlie surface shell are presented in Fig. 16.
Both sets of plots show exactly the same shapem&gntal about the horizontal axis, with
the only difference at the smallest Q, where tlfieceof the small size always leads to larger
alp values, irrespective of the specific core-shelldure of the grain.

5.4  Experimental evidence of the core-shell modex&mined by thealp-Q method

Below we present two examples of evaluation of tiwre-shell structure of
nanocrystalline diamond and SiC using neutron anchyXscattering, respectively. We
investigated UD96 diamond nanopowder (obtained fkdinrodiamant) that was vacuum pre-
annealed (for 2h) at temperature of 4D0 The measurements were performed at room
temperature using large-Q neutron diffraction daaflected at NPDF station at LANSCE,
Los Alamos, USA.

SiC powder of the average grain size of about 20 waas measured at room
temperature at the X14A beamline at the Nationaic&gotron Light Source, Brookhaven
National Laboratory. LaBwas used as the standard for precise determinafidine peak
positions. Diffraction data were collected by ctiom for 0.01 s for each 2in steps of 0.02
from 16 to 120 atl =0.80532 A.

5.5  Nanocrystalline diamond
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Fig. 17 Effect of stacking faults and (c/a) dittm in diamond: experimental and theoreticgh-&) plots
calculated for a model of 5 nm grain with the sadahell 0.3 nm thick and C-C distances larger &ytBan
those in the grain core X/r) shen = +3%. The single grain contains on average onimilike stacking fault (c.f.
Section 4.2) and has the c/a ratio of about 0.26gdathan that in the perfect cubic structure. #ddhe plot: a
comparison of the positions of Bragg peaks measexedrimentally with those of the perfect cubicwbad
lattice.

Fig. 17 shows the result of examination of a ranfenodels of 5 nm diamond in
which different parent structures were assumeddagmce of different types and densities of
stacking faults and variouga ratios) and different core-shell model paramevegse used.
The values o#lp/ay were calculated for individual reflections assugreg value of a perfect
diamond latticeay = 3.5667 A. The best fit of theoretical and expental patterns shows a
very good reproducibility of positions of individueeflections within the whole Q-range
analysed. Although the diamond lattice is strorgdgformed, D(c/a) = +0.2%), theECIp
value is only a little larger than the lattice pagder of the perfect diamond lattice. The top
graph in Fig. 17 shows experimental pairs of subsegpeaks for which thep values differ
very significantly. The arrows in the figure indie the direction of the shift of the peaks
from their positions in the perfect diamond lattice
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Fig. 18 Effect of stacking faults and (c/a) dittmn in SiC: experimental and theoretical alpp®ts
calculated for a model of 10 nm grain with the anef shell of 0.5 nm thick and C-C distances lalyeb% than
those in the grain core. The single grain corgaim average one twin-like stacking fault per ks and has
the c/a ratio about 0.2% larger than that in thefpet cubic structure. Above the plot: a companish the
positions of Bragg peaks measured experimentatly thbse of the perfect cubic SiC latticg £e3.07862 A, ¢
=2.51872 A); c/a=1.0020.8165; s= 0.5 nm; @/r)spe1= +5%.

The effects of variousc(a) ratios and of a presence of stacking faults & plarent
structure (the grain core) and of different corelsimodel parameters on diffraction were
investigated also for nano SiC. Experimental de¢ae obtained in a smaller Q range than
that for diamond (up to Q about 9'Awhich was sufficient for evaluation of the sample
structure. The top graph in Fig. 18 shows expemntaialp values measured for individual
reflections, and theoreticalp values also calculated for single reflectionsta of 16 A™.
Within the examined Q-range, the theoretiajd values match very well those measured
experimentally, except for the first cubic (111)leetion. The position of this reflection
changes strongly with the grain dimension, and veeswnable to match the position of this
peak simultaneously with the others using the samodel of the grain. Dispersion of the
grain sizes in the examined sample is quite laityes we suspect that the very large value of
alp for this peak originates from a fraction of vemyadl, a few nm grains. Similarly to
diamond nanocrystal, SiC contains twin-like stagkiaults with density of about one twin
per 12 layers, and elongation of the lattice in [ttEL] cubic direction is larger than that in
diamond DPc/a= +0.3%). The thickness of the surface shelbsua 0.5 nm and the estimated
relative increase of interatomic distances in thdase shell is about 5%. Similarly as in
diamond, althoughc(a) ratio is quite large, the equivalent cubic latgarameter of the grain
core is only slightly larger than that of the let¢tiparameter of a single crystal SiC. This core
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is surrounded by the shell where the interatonstadices are larger by about 5% than those
in the core. An example of shifts of three subsetjBragg reflections from their original
cubic positions is shown in Fig. 18: the arrowddate the direction of shift of the peaks from
their expected positions.

Obviously there is a limited accuracy of the valoé the parameters of the examined
core-shell models. This is due to using a simptedeh assuming a step-like change of
interatomic distances between the core and thé, stmel to the diffraction experiment itself
which has its technical limitations. Figs. 19 &@lshowalp-Q plots of a model similar to
that proposed for SIiC sample under examinationwath slightly different values of the
model parametersD(/r)shen and g, which serves as a sensitivity test of our modelcinat
procedure.

Fig. 19 Comparison of theoretical alp-Q plots adited for a model of 10 nm SiC grain with the acefshell
thickness from 0.3 to 0.6 nm and the interatonstagices in the surface larger by 5% than thosééngrain
core.

The thickness of the shell proposed for our masi€l.5 nm. Fig. 19 showalp-Q
plots calculated for four models with different e shell thickness, smaller and larger than
0.5 nm. As can be seen, tp-Q plot is sensitive to the surface shell thickreesd we claim
that the 0.5 nm shell thickness which we derived lza believed to be accurate within a few

A.
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Fig. 20 Comparison of theoretical alp-Q plots adfited for a model of 10 nm SiC grain with the acef shell
0.5 nm thick and an increase in the interatomitadtises in the surface by 4, 5, and 6 %.

Fig. 20 presentalp-Q plots calculated for thre®i(r)snen Values about that proposed
for our SIC model. As can be seen, #lt)gs are, again, sensitive to changes in the interato
distances in the shell, which lends reliabilitythe Or/r)shen = +5% value established for our
model.

Summary

In the last 20 years substantial efforts in nanenmt research were focused on
development of technologies of synthesis which ¢deidd to immediate applications. It is
surprising that the need for basic research infibid has been somehow ignored/overlooked.
Although the knowledge about the structure at then& scale is the key to understanding the
materials behavior, no standard procedures of thestaral analysis of nanocrystals have
been established yet. In this presentation wecatdd only a few problems related to
examination of the atomic structure of nanocrystédsusing on powder diffraction
techniques. In the last few years the interesuith studies is increasing and one can expect
that in the near future some standards for chaiaat®n of these types of materials will be
established.

There are various kinds of arguments used in disgns on whether reciprocal space
analysis, which refers to characteristic Braggtecaig, or real space analysis, atomic Pair
Distribution Function (PDF) based on the total meed intensity, is better suited for
examination of nanocrystalline materials. Suchrapph would get us nowhere though. Both
techniques give information on the atomic structw@ch is a volumetric average of the
sample. This is the major concern of structurallysts of poly-crystalline materials and
nanocrystals in particular. None of this techniggieapable of providing a complete, unique
image of a nano-crystal [29, 38].

The unique power (strength) of these techniquestise following:
(1) Analyses made in "reciprocal space”, whichergfto a unit cell and is based on
examination of characteristic Bragg-type scattereng sensitive directly to the long range-
atomic order. The weakness of this approach &, iths basically applicable exclusively to
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crystalline materials without providing informatiam structural phases that do not show a
long range order and do not contribute to Bragtfescag.

(2) Analyses made in "real space", which providerimation on the length and abundance of
interatomic distances between pairs of atoms, sedb@n examination of the total scattering
(this includes both characteristic Bragg reflecsicand diffuse scattering underneath the
Bragg peaks) and, thus, in principle it providefimation on every single atom present in
the sample. The problem is that there are no sirfgtfaightforward) methods which would
allow to link specific interatomic distances tofdient structural components of the sample
[25, 34 - 36] (in our case: the core and the shell)

As a matter of fact, none of the above technigalese is well suited for nano-
crystallography. A positive and creative solutiostead of a "challenge"” is a combination of
both approaches to minimize possible errors in wat@n of the atomic structure of
nanocrystals, to use strength and minimize weaktpaf both techniques. In this work we
focused on examination of the reciprocal space odetlogy, namely on the analysis of the
positions of Bragg-type intensities, which in thase of nanocrystals are dimension-
dependent quantities.

The analysis of various core-shell models preseitdtiis paper, which uses tools
developed for reciprocal space analysis and reffier8ragg scattering, is an option for
evaluation of real atomic structure of nanocrystalimaterials. However, we have to stress
out that one may consider using this technique/atkilogy only when the parent structure of
the sample is known and, then, that it is modifiethe surface of the grain (which we call the
“surface shell).

There are, however, materials which parent stracimot known and in such cases
there is no point in examination of the core-shsilicture until one identifies its parent
structure. From what we showed in this paper, entignal tools like the Rietveld method
should not be applied because the Bragg equatidnichwserves for description of the
geommetry of the crystal lattice, does not workpernty. And even if we disregard this fact
and accept a poor accuracy of determination ofdttiee parameters, doing refinement of the
structure which, due to very broad reflections,veh@ "poorly characteristic pattern”, might
lead to an illusion: due to coupling of varioudirrable (instrumental and sample-related)
parameters one would not get a reliable model vadsonably small standard deviations of
the "refined" structural parameters. This is ayvaractical limitation. What is still worse,
application of the routine procedure of elaboratduliffraction data would definitely lead to
a wrong grain model if the structure of a hanoalyst non-uniform and shows a structure of
the core-shell type. In the case of such structrall the analytical methods of elaboration
of diffraction data the best option is to apply PBRalysis which: uses total scattered
intensity, accounts for every single atom in thengie, and does not require any specific
assumptions on the presence of long-range atorndierorPDF methodology gives reliable,
well reproducible interatomic distances, both farai and large grain polycrystals. The
problems with interpretation of the results of PBXfalysis arise when one attempts to refer to
a model used in conventional crystallography ands,tassigns a single unit cell of a selected
crystalline phase to represent the whole samplenvel The same problem arises with the
"real space Rietveld refinement” which refers tgiaen crystal phase [25, 34, 36]. At this
point PDF analysis appears as little applicabléhasRietveld method: when the model is
inappropriate, then there is no chance for getttigble structural information.
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In this work we showed a good sensitivityah$-Q plots to a presence of surface shell
with the atomic arrangement similar to the parémntcsure in the grain core but with different
length of interatomic distances. One might ardna¢ the model which we use is not physical
and does not reflect the real structure of nandalgs Indeed, this is a valid argument that we
cannot ignore. Moreover, we are aware of the prmobbnd we fully agree with the
argumentation. The objection might concern thensdalistance discontinuity at the interface
between the core and the shell. We are, howewafident that from the point of view of
diffraction experiments a modification of the modglimplementing an intermediate region
of continuously changing interatomic distances leetwthe core and the shell (an extended
surface shell) is not significant in the senset thaannot be verified in a powder diffraction
experiment. We have done a series of calculatmingnodels with various functions
describing a continuous change of the interatonsi@mdces from the core to the surface shell:
linear, exponential, and combinations of both. &fiect of implementing such modifications
on the resulting diffraction patterns was similaithat of a corresponding model with a step-
like change of the interatomic distances and todtteial interatomic distances in the shell
corresponding to the average distance calculatedrf@xtended surface shell model. This is
not surprising since diffraction in general, andwger diffraction in particular, provides
information on the atomic structure averaged okersample volume. One should not expect
then that this technique will ever allow for exaation of internal interfaces in crystalline
grains. It does not mean that one will never leaoout the real atomic structure of the
interface between the core and the shell, but khatledge will not come from powder
diffraction experiments. Undoubtedly, the best hoét which one might think of is a
structural analysis performed on a single nanoagi3®, 40]. This will certainly become a
reality in an imaginable timescale, and it will cralong with development of X-ray laser
sources and the advantage of their brilliance awcellent coherence. One should not forget
about fast developing simulation methods which hameenormous progress potential for
studies on nano-structures (virtual experimentg) {#46]. There is one big advantage of
numerical simulations: there are no principal igmof accuracy or resolution for such
experiments. From this point of view those expenis are designed to make virtual
experiments on the atomic scale. It does not rtleginthose experiments will substitute for
real experiments like diffraction. We believe thainoscience should follow a clear path - a
full consistence between real and virtual experisien
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